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The effects of strain rate and temperature on the 
deformation behavior and mechanical properties of as-quenched 
lath martensite in an Fe-0.14 % C-1.48 % Mn alloy were
investigated. As-quenched sheet specimens with a thickness 
of 1.5 mm were subjected to tensile testing at temperatures
between 25 °C and 150 °C, and strain rates from 8.3 x 10"6
sec-1 to 1.7 x 10”2 sec-1. Structural features were
characterized in deformed and undeformed specimens by 
transmission electron microscopy and then correlated with the 
results of tensile testing.
Serrated yielding is observed at elevated temperatures, 
60 °C to 150 °C, at certain ranges of strain rate. The 
activation energy for the deformation processes associated 
with serrated yielding is calculated to be 85 to 101 kj/mol, 
showing carbon diffusion is involved in dynamic strain aging 
of a low-carbon martensite.
Negative strain rate dependence of UTS and 0.6 % YS is 
observed at 25 °C to 150 °C. At 150 °C, large increases in 
strain hardening and total elongation are observed at low 
strain rates, where no serrated yielding occurs. Negative 
strain rate dependence of flow stress is attributed to 
changes in friction stress due to solute segregation to 
dislocations. It is proposed that at lower strain rates, 
dynamic precipitation of carbides is predominant, which
iii
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reduces the supply of solute atoms to dislocations, giving 
rise to disappearance of serrated yielding or delay to the 
onset of serrated yielding. Large increases in total 
elongation observed at 150 °C is attributed to enhanced 
strain hardening ability due to dynamically precipitated 
carbides and refinement of dislocation substructure.
Substructures which exhibited serrated yielding 
consisted of uniform dislocation distribution characterized 
by linear arrays of dislocations. These arrays may be a 
result of the inability of screw dislocations to cross-slip 
because of solute atom segregation to the dislocation. 
Substructure deformed at 150 °C which showed large increase 
in strain hardening is characterized by very fine well- 
developed cell structure, which is attributed to dynamically 
precipitated carbides. The carbides appear to act as 
effective anchoring points for dislocation tangles but leave 
the intervening lengths of dislocation free to cross-slip.
It is proposed that there are competing processes for 
carbon atoms, solute segregation to dislocations and 
precipitation, which are functions of temperature, 
dislocation density and strain. Deformation behavior and 
mechanical properties of as-quenched low-carbon martensite 
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The martensite transformation has long been acknowledged 
as a potent strengthening agent in iron and steel. Most of 
the investigations and applications of martensitic 
microstructures have emphasized medium- and high-carbon 
steels. The tensile properties, including strength and 
ductility, of low-carbon, low-alloy martensitic steels have 
not, however, been extensively investigated from a practical 
point of view, probably because hardenability and strength 
are limited in contrast to higher carbon steels.
A number of studies [1-13] on the strengthening 
mechanisms of low-carbon lath martensite have been conducted. 
It has been shown [3-6,8 9,11-13] that the high strength of 
low-carbon martensite stems from a number of superimposed 
mechanisms such as solid solution strengthening and 
structural contributions to strength including packet size, 
lath size and intralath dislocation density. In addition, 
especially in low-carbon, low-alloy steels with high Ms 
temperatures, autotempering or segregation of carbon atoms to 
dislocation or packet boundaries during quenching influences 
mechanical properties [8,11].
In the process of manufacturing sheet steels, high 
cooling rates may be achievable in thin gauges. Therefore 
the production of low-carbon martensitic sheet steels could 
be an important approach to meet the persistent demand of 
higher strength. However, achieving sufficient ductility or
T-3958 2
formability for martensitic sheet steel applications requires 
further investigation.
The factors which determine the mechanical properties of 
martensitic steel are complicated and the dynamic interaction 
between the transformation substructure (packet and lath 
boundaries and dislocations), solid solution atoms, and 
clusters or precipitates during the deformation must be taken 
into account [4,8,11]. Thus deformation behavior is also 
dependent on testing parameters such as strain rate and 
temperature.
Many studies on the structural changes which occur 
during aging and the first stage of tempering of martensites 
have been carried out in the last decade [14] . Very fine 
scale structural changes lave been revealed by various means 
such as x-ray diffraction [15,16], electrical resistivity 
[17,18], transmission electron microscopy (TEM) [19] and atom 
probe field ion microscopy [20] . However, the temperature- 
time-strain conditions at which the diffusion of interstitial 
carbon atoms becomes dominant and carbide precipitation may 
occur require further definition. Especially important is 
the evaluation of how carbon atom behavior influences the 
concurrent deformation behavior of low-carbon martensite.
With this background, a review of investigations on the 
mechanical properties of low-carbon lath martensite, aging, 
the first stage of tempering in martensitic steels, and 
dynamic interaction of solute atoms and dislocations during 
deformation is given in the following sections. Finally, a
T-3958 3
statement of the purpose of this investigation is presented.
1.1 Low-Carbon Lath Martensite
1.1.1 Mechanical Properties
A number of investigations carried out to evaluate the 
strength of ferrous martensites emphasized the importance of 
composition, especially, carbon content. The following 
equation [21,22] has been developed for the 0.2 % offset
yield strength of martensites in a series of unaged Fe-Ni-C 
alloys with subzero Ms temperatures;
Gq 2 (MPa) = 461 + 1.31 x 103 (wt. % C)1/2. (1.1)
These "virgin" martensites were tested below room temperature 
in order to eliminate or minimize aging. Winchell and Cohen 
[23] concluded that major strengthening effect was solid 
solution hardening by interstitial carbon atoms. It is noted 
that a small hardening component due to aging was measured at 
temperatures even as low as -60 °C in Fe-Ni-C martensites 
[23]. Recently, Eldis and Cohen [24] suggested that some 
clustering may have already taken place prior to the 
measurement in the Winchell experiments, based on the fact 
that carbon-dependent strength of martensite is quite 
insensitive to test temperature. Finally, equation (1.1) may 
be applied only to unaged martensite formed in alloys with 
low Ms temperatures.
In the case of low-carbon, low-alloy martensites with
T-3958 4
high Ms temperatures, considerable carbon atom rearrangement 
can occur during quenching. When the rearrangement leads to 
cementite formation, the process is referred to as 
autotempering [25]. Speich [26] has calculated that carbon 
atoms in high Ms martensites can diffuse out of octahedral 
interstitial sites to lattice defects before room temperature 
is reached, and estimated from the electrical resistivity of 
as-quenched martensites that 0.2 wt. % C can be tied up by
segregation to defects. The latter phenomenon is proposed as 
an explanation for why transition carbide precipitation is 
much retarded in martensites with carbon contents below this 
level.
Speich and Warlimont [3] measured the yield strength of 
plain Fe-C martensite with carbon contents of 0.0004 wt. % to 
0.18 wt. % to obtain the following equation;
aQ2 (MPa) = 413 + 1.72 x 103 (wt. % C)1/2. (1.2)
As in the Fe-Ni-C alloys, strength still has a square root 
dependency on carbon content, as shown in Figure 1.1. 
Extensive precipitation was observed in the massive ferrite 
upon aging at room temperature but not in the lath martensite 
structure, showing that the defect structure of martensite 
had a strong effect on transition carbide precipitation 
process.
Kehoe and Kelly [4] have clearly indicated by TEM that 
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strength is caused by a linear increase in dislocation 
density with carbon content. Swarr and Krauss [8,11] have 
shown that the yield strength of as-quenched, low-carbon lath 
martensite also depends strongly on the martensite packet 
size, which is attributed to the interaction of segregated 
carbon and/or very fine carbides with the packet boundary 
dislocations. In contrast, tempered specimens did not show a 
strong dependence of strength on packet size. Thus the 
interaction between carbon atoms and transformation 
substructure is an important strengthening mechanism in as- 
quenched or low-temperature-tempered low-carbon martensite.
It has been established for quenched low-carbon 
martensite [5,9,11] that the microstructural contribution to 
yield strength can be satisfactorily described by a summation 
of contributions from packet boundaries (high-angle), lath 
boundaries (low-angle), and dislocations within laths, 
assuming a Hall-Petch relation for the dependence on packet 
size. Lath width distributions have generally been found to 
be insensitive to packet size and carbon content, and 
therefore do not appear to be a major variable.
While the strengthening mechanisms of low-carbon lath 
martensites have received some attention, only a few 
investigations [1,2,6,8,9,25,27] have examined the ductility 
of as-quenched low-carbon lath martensite with less than 0.2 
% C.
Figure 1.2 shows the relationship between 0.2 % offset 
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Figure 1.2 0.2 % offset yield strength versus total elongation
in as-quenched martensites with less than 0.2 wt. % 
carbon. Only Swarr's data are for uniform elonga­
tion. After McFarland [2], Busby et al. [27],
Swarr [8], Aborn [25], Irvin et al. [1], and
Martensson [6].
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martensites. McFarland [2] examined steels containing 0.4 % 
Mn and C between 0.08 % and 0.20 %. Total elongation of
about 4 % irrespective of carbon content was measured in the 
as-quenched condition. McFarland also showed that tempering 
at 315 °C to 540 °C does not significantly increase the 
elongation. Swarr [8] and Norstrom [9] showed that the 
uniform elongation in the as-quenched condition is very low, 
2 % to 3 %, even in low-carbon martensite with carbon
contents of 0.002 % to 0.2 %. Aborn [25] examined steels 
containing carbon between 0.13 % to 0.19 %. Total
elongations in the as-quenched and tempered conditions were 
between 18 % and 20 % which were significantly higher than 
those obtained by McFarland. Busby et al. [27] also obtained
total elongation between 12 % to 14 % in steels containing 
0.11 % to 0.18 % carbon in the as-quenched and tempered
conditions. Aborn and Busby used round bar tensile specimens 
with 6.4 mm in diameter while McFarland used sheet tensile 
samples with thicknesses between 0.14 mm and 0.61 mm. The 
differences in total elongations may be attributed to the 
difference in the sample geometries and changes in post 
uniform elongations.
On the other hand, various results have been published 
[5-7,9], showing that very attractive combinations of high 
strength and good toughness can be obtained in low-carbon 
steels with untempered lath martensite structures. To alter 
the strength and or toughness level of untempered and 
tempered martensite, many combinations of heat treatment and
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mechanical deformation processes have been investigated.
One approach which increases strength to high levels is 
strain aging or strain tempering of tempered martensite 
[2,27-34]. It has been found that yield strength-tensile 
strength ratios can be increased to almost unity by straining 
and aging of tempered martensite.
This effect has generally been explained [29,30] by 
assuming that carbon atoms, which have re-dissolved at least 
partially after prestraining, are attracted to and pin 
dislocations introduced by straining, thereby causing the 
increase in strength of the martensite. Wilson [29] has
shown that e-carbide formation is inhibited and cementite
precipitation is retarded when untempered martensite is 
deformed and then temper id. He also showed that dissolution 
of carbides is observed in martensite tempered at low
temperatures.
A dislocation trapping model has been proposed by Kalish 
and Cohen [33] for the mechanism of strain aging of tempered 
martensite. The creation of dislocations by deformation
results in an immediate stress-induced ordering about the 
dislocation line of carbon atoms existing within an
interaction radius. A carbon gradient created between the
depleted region in the interaction zone and its surroundings 
causes more carbon to diffuse toward the dislocation. The 
number of carbon atoms which can be accommodated within the 
interaction radius is calculated to be great enough to cause
T-3958 10
the re-solution of 6-carbide which occurs to maintain local
carbon equilibrium concentration in the matrix.
Pavlick [34] examined the strain aging kinetics in 
medium-carbon martensite prestrained 4 % and aged at -12 °C, 
as shown in Figure 1.3. Part of the observed strength 
increase was attributed to stress-induced ordering of carbon- 
atoms in the stress fields of the dislocation.
Kalish and Cohen [33] proposed that the interaction zone 
radius is a function of the thermal energy (kT) and the 
interaction energy between carbon and dislocations. However, 
at elevated temperatures where carbides precipitate on 
tempering, the effective trapping radius is then controlled, 
not by kT, but rather by the distance at which the carbon and 
dislocation energy is equal to the binding energy of carbon 
in the coexisting carbide. Figure 1.4 shows the 
carbon/dislocation interaction and trapping distances versus 
retempering temperature. They calculated the weight percent 
carbon that can be trapped as a function of dislocation 
density for retempering in the first stage and early third 
stage of tempering as shown in Figure 1.5. A dislocation
density of 2 x 1012 cm-2 will prevent 6-carbide precipitation
in steels with up to 0.20 wt. % carbon. Recently, Sherman et 
al. [18] suggested that dislocations newly generated by 
plastic deformation are more potent as carbon sinks than are 
the dislocations arising from the martensitic transformation. 
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Figure 1.3 Strain aging at -12 °C in ferrite and martensite 
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martensite and suggested that the "regular" (transformation) 
dislocations are arranged in some minimum energy 
configuration, interacting with one another in such a way 
that their net strain field is much less extensive than that 
due to the "inherited" (from ausforming) dislocations.
These investigations on the static aging in martensitic 
steels suggested that there are strong competing interactions 
between carbon atoms and the dislocation structure in 
martensite. Therefore, segregation to defects or
precipitation must be taken into account when the deformation 
behavior of martensite at elevated temperatures is 
considered.
1.1.2 Aging and First St^ge of Tempering
The aging and tempering of martensitic carbon steel have 
been extensively studied. Previous studies have indicated 
that the structural changes taking place during aging and 
tempering can be generally divided into three regimes with 
respect to changes in electrical resistivity [18] . Figure 
1.6 shows the general shape of resistivity curve obtained 
from Fe-Ni-C virgin martensites with subzero Ms temperatures 
[18]. The earliest stage, where a slight and immediate 
decrease in resistivity occurs, is attributed to a small 
amount of isothermal martensitic transformation of retained 
austenite. An increase in resistivity to a peak value is 
attributed to clustering of carbon atoms prior to carbide 
formation and the resultant net increase in mean-square
T-3958 15
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Figure 1.6 Resistivity (at -196 °C) vs aging time at various 
temperatures (°C) for lath martensite formed in an 
Fe-18Ni-0.11C alloy [18].
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static displacement of the iron atoms. A subsequent decrease 
in resistivity is considered to be due to carbide 
precipitation which depletes the matrix of carbon.
The activation energy obtained in this process increases 
from 75 kj/mol (18 kcal/mol) to 100 kJ/mol (24 kcal/mol) from 
the early stage of the resistivity increase, through the 
maximum, to the initial stage of the subsequent decline in 
resistivity. These values agree with that for the diffusion 
of carbon in martensite [35]. The activation energy for the 
continued resistivity decrease, which is associated with 
transition carbide and cementite precipitation, increases 
from 100 kJ/mol (24 kcal/mol) to 146 kj/mol (35 kcal/mol). 
The latter value was assumed to represent the activation 
energy for the rate controlling process for both transition 
carbide and cementite formation, that is, diffusion of iron 
and substitutional atoms away from the growing carbide 
particles along dislocation paths. Very recently, it has 
been proposed [36] that the rate-controlling process is the 
combined diffusional and displacive interracial motion 
involved with interstitial partitioning across a glissile 
semicoherent interface.
The regime where the transition carbides precipitate is 
called "first stage of tempering (Tl)" of Fe-C martensite and 
typically falls in the 100 °C to 200 °C temperature range. 
Jack [37] first identified the structure of the transition
carbide in Fe-C alloys as e-carbide with a hexagonal structure
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whose composition is about Fe2 4C. He proposed an orientation 
relationship between 8-carbide and low-carbon martensite as
(0001)e II <0ll)a 
(ioTi)e II <ioi)a
Wells [38] obtained the same orientation relationship 
shown above by using electron microscopy in Fe-24Ni-0.5C 
alloy. Hirotsu and Nagakura [39,40] identified the 
transition carbide in Fe-1.22C and Fe-Ni-C martensites as 
eta-carbide (Tl-carbide) with an orthorhombic structure and a
composition of Fe2C . They indicated that an ordered 
arrangement of carbon atoms occurs within the transition
carbide to lower the overall symmetry of the carbide phase
from hexagonal to orthorhombic.
There have been reported various morphologies of the 
transition carbide in ferrous martensites. Early TEM studies 
in Fe-Ni-C [38] and Fe-C [39,41] alloys showed plate-like
particles with a {100}a-type habit plane, about 10 nm in
width and up to 50 nm or more in length. Other studies in 
Fe-Ni-C [40] and Fe-Si-C [42] alloys showed the carbide 
particles are rod-like particles with a long axis nearly
parallel to a (21l)a-type direction. Further, some
investigators [40,43] have shown by dark-field TEM imaging 
that the transition carbides are actually composed of 
aggregates of smaller particles, about 2 nm in diameter.
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Recently, Taylor et al. [36] reported that the transition 
carbides have a plate-like shape with a habit plane near 
{012)a in Fe-Ni-C alloys.
The transition carbide frequently appears to nucleate 
uniformly throughout the martensitic phase, but the 
nucleation mechanism still remains unclear. Taylor et al. 
[36] showed that carbide nucleation occurs heterogeneously 
along carbon-rich bands which have developed during spinodal 
decomposition of martensite prior to precipitation.
In summary, a schematic of the proposed structural 
changes occurring during the aging and tempering of low Ms 
virgin martensites with respect to the accompanying 
resistivity changes [18] is shown in Figure 1.7.
In low-carbon low-alloy martensites with high Ms 
temperatures, carbon atom rearrangement can take place during 
quenching, which influences the subsequent aging and 
tempering process. The redistribution of carbon during 
quenching of low-carbon martensites has been discussed by a 
number of investigators [25,44-46]. Because of the stress 
fields around individual dislocations and cell walls in lath 
martensite, certain interstitial lattice sites near these 
defects provide lower-energy sites for carbon than the normal 
interstitial lattice positions [33].
Speich [2 6] extensively studied the rearrangement of 
carbon during tempering of a series of low-carbon martensites
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aging and tempering of virgin martensites corre­
lated with accompanying resistivity changes [18].
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with 0.02 w t . % to 0.57 wt . % C, by using electrical
resistivity, internal friction and TEM. The specimens 
employed were thin enough to avoid carbide precipitation but 
not carbon segregation during quenching. The electrical 
resistivity at 77 K of as-quenched martensite as a function 
of carbon contents is shown in Figure 1.8. The resistivity 
curve can be separated into two distinct regions. The slope 
of the second region is three times as large as that in the 
first region. The lower specific electrical resistivity in 
the low-carbon martensites was attributed to the segregation 
of carbon to dislocations during quenching. With carbon 
contents below 0.2 %, it has been calculated that nearly 90 % 
of the carbon is segregated to lattice defects during aging. 
Above 0.2 % C, such sites become nearly saturated and carbon 
atoms are held in the "def ect-f ree" lattices. It is 
interesting that 0.20 % C is also about the carbon content at 
which tetragonality in martensite is first detected.
Figure 1.9 [26] shows the progress of tempering of low- 
carbon, Fe-C alloys at 150 °C, as measured by electrical 
resistivity. The region A is attributed to the continued 
segregation of carbon to defects in the martensite that had
begun during quenching. Region C is associated with e-carbide
precipitation, and B is the transition region. It was also 
shown that below 0.18 % C, carbide precipitation is very
sluggish at 150 °C compared with that in the "defect-free" a 
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Figure 1.9 Electrical resistivity of iron-carbon martensites 
tempered at 150 °C [26] .
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below 0.2 %, no further resistance decrease is observed [2 6], 
because segregated carbon atoms are in a lower energy state 
than carbon atoms within e-carbide [47] .
Cohen et al. [18,24] discussed the difference between 
virgin martensite with subzero Ms temperatures heated up to 
testing temperature and alloys with high Ms temperatures in 
the early stages of aging and tempering process. The 
resulting autotempering undoubtedly obscures the clustering 
regime in high Ms alloys. They suggest that carbon 
segregation to defects may be an important process preceding 
carbide precipitation and interacting with clustering and 
precipitation processes. It is shown that the diffusion 
conditions necessary for the onset and completion of carbon 
segregation to defects fall within the later stage of aging 
(region after peak value in the resistivity curve) in the 
virgin martensites, following Speich's method [26].
Thus, although direct observation of segregation at 
defects by atom-probe microanalysis has been obtained only on 
specimens tempered well into stage T1 [48], carbon 
segregation, to defects during aging in virgin martensite may 
be plausible. In low-carbon low-alloy steel, where 
autotempering can not be avoided, segregation plays a 
predominant role during and after quenching.
1.2 Dynamic Interaction of Solute Atoms and Dislocations
It has been well known that solute atoms can dynamically
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interact with moving dislocations when alloys are deformed at 
elevated temperatures where solute atoms can move easily. 
Such dynamic interactions between solute atoms and 
dislocations cause various effects on the mechanical 
properties or deformation behavior of alloys, for instance, 
serrated yielding, negative temperature and strain rate 
dependence of stress, or embrittlement phenomena.
Several studies have described dynamic interaction 
effects on the deformation behavior of Fe-C martensites and 
the preliminary experiments in this investigation also showed 
serrated yielding in a low-carbon martensite. Therefore a 
review of the numerous studies on dynamic interaction effects 
between solute. atoms and dislocations in various kinds of 
metals are presented in the following sections.
1.2.1 Serrated Yielding
Serrated yielding, or repeated discontinuous plastic 
flow in solution hardened alloys, usually referred to as the 
Portevin-Le Chatelier (PL) [49] effect, has been observed in 
a wide range of substitutional and interstitial alloy systems 
[50], including steels [51-77], aluminum alloys [78-109], 
nickel-base alloys [91.92,110-117], and copper [118-127], 
gold [128-133], magnesium [134], molybdenum [135], vanadium 
[136], zirconium [137], niobium [138] and titanium [139] 
alloys. The effect can therefore operate in f.c.c., b.c.c. 
and hexagonal crystal structures in both single crystals and 
polycrystals. It is now widely accepted that the PL effect
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originates from the interaction between solute atoms and 
mobile dislocations during plastic deformation, that is also 
called "dynamic strain aging". In this section,, the 
characteristics of the PL effect which have been observed in 
many previous investigations are presented.
1.2.1.1 Types of Serrated Flow Shape and Deformation Band
Serrated flow occurs when the plastic strain rate in the 
specimen exceeds the applied strain rate; its magnitude 
strongly depends on the machine characteristics such as the 
machine stiffness [65,107]. The relationship between the 
amount of plastic strain change (Ae ) , the observable drop inr
stress (As), and the machine stiffness (KM) during the time 
when the strain burst occurs (At) can be expressed as:
Aep - + As (1.3)
* L0 \KmL0 E I
where v is the cross head speed, A 0 cross sectional area of
the specimen, and E Young's modulus of the material.
The serrations on the stress-strain curves in tensile 
test have generally been classified according to their shape 
into types A, B and C [50], as shown in Figure 1.10. Type A
serrations are characterized by a small increase in the flow
stress over its previous average value, followed by an abrupt 
drop below this value [50,65,82,83,118,129]. These are 
usually observed at the low temperature end of the PL regime 
[50,65] where the uniform plastic deformation is unstable and 







Figure 1.10 Typical shapes of serrations on the stress-strain 
curves in tensile test [50].
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[65,78,81,83,87,102] that type A serrations are associated 
with a smooth continuous propagation of a deformation band 
from one end of the specimen to the other, which initiates at 
the same end of the specimen and propagates along the gauge 
length in the same direction. Their behavior is similar to 
that of Luders band found in steel. However, Wijler and van 
Westrum [81] suggested that they should be called Portevin-Le 
Chatelier (PL) bands as they differ from Luders bands in the 
following characteristics:
(1) The Luders bands generally propagate only once in the 
specimen, but the PL bands do so repeatedly.
(2) The PL bands are usually initiated at the same grip each 
time.
(3) The slope of the stress-strain curve during the 
propagation of one Luders band is about zero, but that of the 
PL band is positive especially for type A serration.
The above differences were attributed to a strain 
gradient along the specimen developed during inhomogeneous 
deformation, which could arise from:
(1) Homogeneous deformation in a region outside the 
deformation band which is superimposed on the inhomogeneous 
deformation produced by the propagating small deformation 
band [65,81].
(2) The presence of an aging gradient in front of the first 
propagating band [87].
At somewhat higher temperatures or increasing strain, 
the flow curve between type A serrations becomes jerky.
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These jerks develop into periodic type B serrations, which 
later become almost indistinguishable from those of type A. 
Type B serrations can be superimposed on type A serrations 
[73]. A main characteristic of the type B serration is that 
the stress-strain curve between consecutive serrations is 
straight, that is, almost elastic [83,84]. Each type B 
serration is associated with rapid plastic deformation 
confined within a narrow band of the gauge section [65,83]. 
In some instances, these bands form successively ahead of 
each other, generating a discontinuously propagating band 
front [65,78,93,100,130] in the same direction.
Periodic type C serrations are observed at the higher 
temperature end of the PL regime. They are abrupt serrations 
often accompanied by audible acoustic emission [107] and 
differ from those of type B in that the load drops below the 
general level of an otherwise smooth stress-strain curve 
[73,84]. Other characteristics of type C serrations include 
large amplitude of the load drop, associated with an 
appreciable extension confined to a narrow band which 
produces the surface markings [65], the absence of a 
noticeable strain hardening [107] and the curved (convex) 
stress-strain curve between consecutive serrations [106]. 
The type C serrations usually suddenly disappear following 
extensive plastic deformation or slight increase in test 
temperature [65]. The spatial resolution between successive 
bands disappears at higher temperature, low strain rate or in 
a metal with high stacking fault energy when the stress
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relaxation effect is large [100,107].
The characteristics of the PL band such as the band 
width (wB) , band velocity (vB) and local strain (eB) and
strain rate (8B) in the band have been closely investigated by 
the dual-extensometer method [65,83,127]. Dybiec [127] 
pointed out that the nonhomogeneous deformation has four 
degrees of freedom with respect to the mutual relations 
between the band characteristics and applied extension rate 
(va) , which made it difficult to study the PL effect 
mechanism precisely because applied strain rate does not 
necessarily determine the strain rate in the PL band. It was 
shown [107] that wB and Eg decreased with an increase in
strain rate (va) while vg increased. The wB could also be 
influenced by the sample dimensions and machine stiffness. 
In addition, wQ and vB decreased [ 8 0 , 9 8 , 1 2 3 ]  to a certain 
constant value (wsmin^ which was dependent on the specimen 
size [ 8 3 ] .  Sleeswijk [ 53]  suggested that the minimum width 
of a propagation band appeared to be limited by the plastic 
constraint of adjacent non-deforming regions and was on the
order of the specimen diameter [ 8 3 ] . The parameters eB and eB
sharply increased with an increase in total plastic strain 
[ 8 0 , 8 3 , 9 8 ] .  Thus any theoretical analysis that deals with 
the properties such as the strain rate sensitivity in the 
serrated yielding region must take into account the above 
results, which at this time have not yet been consistently 
explained [ 8 4 , 9 8 , 1 0 0 ] .
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1.2.1.2 Critical Strain (ec)
It has generally been observed that the PL effect occurs 
only after an initial critical plastic strain, £c, is
exceeded, which is a function of strain rate, temperature 
[68,88], solute concentration [111,118], quenched-in vacancy 
concentration [111,129] and grain size [61,78,79,98,123]. 
The temperature dependence can be described by a thermally 
activated process, and an activation energy can be 
experimentally determined. Thus the measurements of £c and
its dependence on temperature and strain rate have allowed 
many models [53, 91, 140-144 ] of the PL effect to be 
experimentally tested.
Theoretical models of the phenomenon, which will be 
described in detail in a later section, are generally based 
on the interaction between solute atoms and dislocations 
during deformation at temperatures where solute atom mobility 
is sufficient to interact with the mobile dislocations. For 
example, in the first model, "the solute drag model", due to 
Cottrell [142] and Russell [118], it was assumed that 
serrated yielding starts when the velocity of dislocations 
equals the drift velocity of solute atoms in the stress field 
of the dislocations. In order to overcome the difficulty 
that the normal diffusion rate of solute atoms is too slow by 
orders of magnitude, they suggested that vacancies created 
during deformation contribute to the diffusion process, as
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well as increase in dislocation density due to deformation 
which results in decreased dislocation velocity. This could 
explain why in many cases the serrations start only after
some preceding deformation, £c. From this point of view, it
is expected that 8C decreases with increasing temperature,
decreasing strain rate and increasing quenched-in vacancies.
A few studies [72,79,121,123,145-147] have shown that £c also
varies with grain size; increasing grain size resulted in
increase in £c at constant strain rate, which is due to the
grain size dependence of increase in the mobile dislocation 
density and internal stress during deformation.
Although many experimental results agreed with this 
model qualitatively in aluminum alloys [85-87,97], copper 
alloys [118,119] and gold alloys [129] for type A serrations, 
it has been pointed out by McCormick [143] that the 
calculated value of the constants in Cottrell's formula 
differed from the experimentally measured values by at least 
four orders of magnitude. Alternatively, McCormick proposed 
the following model, after an idea advanced by Sleeswyk 
[53] : During deformation, a mobile dislocation spends most
of its time trying to surpass obstacles such as forest 
dislocations. Once the obstacles are surpassed, the 
dislocation segment jumps at a high velocity to the next 
obstacle. The interaction between mobile dislocations and 
diffusing solute atoms mainly occurs during the time the
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dislocation is waiting in front of the obstacles. If the 
diffusion coefficient is high enough to saturate the 
dislocation with an solute atmosphere during the waiting 
time, serrated yielding will start.
In the model of van den Beukel [144], the same picture 
of the dislocation-solute interaction was adopted, however, 
the criterion for the onset of serrated yielding was chosen 
as the point where the strain rate sensitivity Aa/Alne becomes
negative, in accordance with ideas advanced by Sleeswyk [53] 
and Penning [148]. Based upon strain aging arguments, it is 
assumed that aging time (the time a mobile dislocation waits 
for thermal activation while arrested by a forest 
dislocation) is inversely proportional to the strain rate. A 
longer waiting time, thac is a lever strain rate, results in 
stronger locking of a dislocation by solute atoms supplied to 
a mobile dislocation by core diffusion along forest 
dislocations. This gives rise to a negative strain rate 
sensitivity of the flow stress. The above model is named as 
"quasi-static aging model" [14 9].
Afterward, many investigations have been conducted to 
test the validity of this model [68,69,72,87-89,91, 
95,102,109,125,131,133,141,149-151] which have shown 
satisfactory agreement with the experimental data. However, 
annealing and quenching experiments designed to test the 
concept of excess vacancies to assist diffusion of 
substitutional solute atoms have given ambiguous results
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[50, 65, 141], and this critical strain for the onset of 
serrated yielding is of uncertain magnitude or nonexistent 
[65,111], so the general validity of this concept in 
substitutional alloys is still under discussion [106].
On the other hand, at high temperature and low strain 
rate where the shape of serrated flow is either type B or 
type C, the anomalous behavior, the negative strain rate and
temperature dependence of the critical stain (ec) have often
been reported in steels [58,75,86], aluminum alloys
[64,82,87,99,101,108], nickel alloys [111,115,116], where 6C
increased with a decrease in strain rate and an increase in 
temperature as shown in Figures 1.11 and 1.12 [75]. In these 
cases, however, once the critical strain was finally reached, 
the curves broke up into serrations in a normal manner.
Hayes et al. [75,115,116] systematically investigated 
the disappearance mechanism of serrated yielding in Inconel 
718, Inconel 600, AISI 1020, and 2.25Cr-lMo quenched and 
tempered steels. They have shown that the disappearance of 
serrated yielding occurs at higher temperatures and lower 
strain rates by a progressive delay to the onset of serrated 
yielding, which is proposed to be the result of a 
precipitation reaction during the course of the test. The 
delay is also found to increase with decreasing particle
spacing. Their proposed mechanism for ec delay is as follows:
Figure 1.13 [75] shows a hypothetical carbon distribution
curve in the presence of precipitates which act as carbon
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Figure 1.13 Hypothetical carbon distribution curves when delay 
mechanism is active (carbon drains down disloca­
tion lines to precipitate sinks) [75].
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sinks from dislocations. In the AISI 1020 quenched and 
tempered steel [75], the sinks are proposed to be the Fe2 7C 
or Fe3C carbides. The reaction rate is initially large and 
decreases with increase in plastic strain until the sinks 
approach saturation, or as the precipitates grow and particle 
spacing increases so that they can not work as effective 
sinks. Serration appears on the flow curve when the net 
carbon on the line exceeds the critical amount of carbon 
required to form sufficient atmospheres. With the decrease 
in sink spacing, there will be more sinks in the matrix 
available for carbon depletion off dislocations. As a 
result, the carbon is depleted more rapidly. It is also 
proposed that the activation energy for the delay process 
(111 kj/mol or 2 6.5 kcal/mol) is that for the reaction 
process at the carbide particles. Their precipitation model 
can also explain the large strain hardening rate often 
observed in the type C serration region.
Harun and McCormick [95] showed that precipitation 
hardening delays the onset of serrated yielding due to 
decrease in either c0 (solute concentration) or the value of
pL which controls the aging kinetics, where L is the obstacle 
spacing.
McCormick [82] and Thomas [78] pointed out that the 
negative strain rate sensitivity of £c is a characteristic of
the "unlocking" serrations (Type C serrations) and may be 
attributed to the greater stress required to create or unlock
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dislocations due to increased diffusibility of the solute 
atoms at higher temperature and low strain rate. There seems 
to be no consistently approved models with respect to this
anomalous behavior of £c as yet.
1.2.1.3 The Other Characteristics
In this section, the other distinctive characteristics 
of the PL effect or dynamic strain aging are presented.
(1) The effect is usually accompanied by a high rate of 
work-hardening [53,91] associated with higher dislocation 
density generated during serrated yielding, as observed in 
TEM [61]. Wijler [80] showed experimentally that mobile 
dislocation density increases rapidly with plastic 
deformation, following Hahn's theory [156] that the band 
velocity (vB) is of the order of the velocity of moving 
dislocation. Tabata et al. [94] have shown that the serrated 
yielding is associated with sudden burst of collective cross­
slip and multiplication of screw dislocation temporarily 
arrested at dislocation tangles by direct observation of 
deformation behavior in an Al-Mg single crystal with high 
voltage electron microscopy.
(2) Magnitude of stress drop (Ac) and macroscopic strain
change (Ae) during serrated yielding increases with increasing
total strain or temperature and decrease in strain rate 
[53,65,68,75,87,96,101,108,115,116,118,12 9]. The reloading 
time (At) increases with decreasing strain rate and
T-3958 39
increasing total strain and does not vary with temperature 
significantly [65,101]. It was generally explained that the 
change in the magnitude of Ac and Ae with testing parameters
is the result of change in the density of dislocations which 
participate in the deformation [87,109] and (static) strain 
aging effect during the reloading time [108] .
In addition, detailed analysis [75,101,108,115,116,154]
of the relationship between Ac and At has been used to study
the kinetics of aging during consecutive serrations and to 
obtain the activation energy of the controlling mechanism, 
which is to be presented in a later section. For example, 
under the hypothesis that dislocations are almost immobile 
during reloading, they can be aged statically, the reloading 
time At playing the role of the aging time. As a consequence, 
long reloading times, that is, small applied strain rates, 
are expected to result in instabilities of large amplitude. 
If, for instance, static aging follows the law proposed by 
Cottrell and Bilby [155], one should obtain a relationship of
the form of Ac (At)2^3, at least for small reloading times,
far enough from saturation. Some agreements with such a 
relation has been reported for Al-Mg alloys [93], but further 
experiment by Pink and Grinberg [101] cast serious doubts on 
its validity.
It is noted, however, that these items have been 
explained from many points of view, for example, an increase 
in breakaway stress due to strain aging [65], internal stress
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relaxation effect [100] or local work hardening [106]. Cuddy 
and Leslie [65] have shown that increasing strain rate 
decreases the reloading time (At) between serrations as At
1/6 as shown in Figure 1.14 in an Fe-Ni alloy. The lower 
stress, below which the band front did not propagate remained 
almost constant and the magnitude of Act was determined by an
increase in upper or breakaway stress. They explained that 
the strain rate determines At and as strain rate is 
decreased, aging time (At) increases, resulting in an 
increase in the breakaway stress. On the other hand, Korbel 
and Dybiec [100] placed emphasis on the role of stress 
relaxation in front of the deformation band during serrated 
yielding. Figure 1.15 (a) and (b) show the result of strain
rate change test in Al-Mg alloy under serrated yielding 
condition and the illustration of the mechanism which
controls the magnitude of A<J. The increase in extension rate
leads to a decrease in the applied stress needed for 
discontinuous band propagation due to the presence of a 
higher internal stress concentration in front of the 
propagating band. Schwarz and Funk proposed that there is a 
critical work hardening parameter (0C) which produces
detectable values of Aa3 and expressed its magnitude as
Acs = Ax ( 1 + 1 (1.4)
\ Kd I
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Figure 1.14 Increase in serration height with increasing time 
between serrations (i.e. decreasing extension 

















Figure 1.15 (a) The strain rate experiments on Al-Mg5-Mn0.8
alloy in tensile test performed under jerky flow 
conditions. The increase in extension rate leads 
to decrease in applied stress needed for discon­
tinuous band propagation [100] .
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Figure 1.15 (b) The diagrams of time dependence of flow stress
components; applied stress; internal stress in 
front of deformation band as a function of relaxa­
tion; effective stress for two different strain 
rates [100].
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aged dislocations and those free from segregated solutes, A 
is the sample cross section, K is the machine stiffness, and 
d is the width of deformation band.
(3) The temperature range in which serrated yielding is 
observed is a function of strain rate and solute 
concentration [65] . In constant strain-rates, serrated 
yielding first appears at a lower critical temperature TL, 
and disappears at a higher critical temperature, TH. Both TL 
and Th increase with increase in strain rate, as illustrated 
in Figure 1.16 for 0.03 % carbon steel [59], an Arrhenius- 
type plot. At or near TL, serrations are of type A and as TH 
is approached, serrations become regular serrations
classified as type C. While AO is still increasing with
increasing temperature or decreasing strain rate, serrations 
suddenly disappear at TH. The line for initiation of
serrations can be moved to right, toward lower temperatures 
as the solute concentration is increased. The line for 
disappearance of serrations has little or no concentration 
dependence [59] .
The apparent activation energy for both appearance and
disappearance can be obtained from the slope of the log e -
1/T plot, if one assumes that serrations begin at an
identical structure irrespective of temperature and strain
rate, that is, usually only for the condition of constant £c
[101,115,125]. The activation energy for the initiation of 
serrations is usually of the order of that for volume
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Figure 1.16 Linear relation between log(strain rate) and 1/T 
for various degrees of serration on stress-strain 
curves of a 0.03 % C steel, quenched from 250 °C 
[59] .
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diffusion of solute atoms in the matrix.
As for the activation energy for disappearance of 
serrations, it is usually higher than that for the 
initiation. It has been suggested by Nakada and Keh [111] 
that it may be the sum of the activation energy for solute 
diffusion plus the binding energy between solute and a 
dislocation. Hayes [115] suggested that the activation 
energy for the disappearance process obtained by Nakada and 
Keh is in close agreement with graphite precipitation and 
explained the disappearance process by strain-enhanced 
precipitation. Thus the interpretation of the activation 
energy for termination of serrations is still in discussion 
and confused.
1.2.2 Negative Strain Rate Sensitivity of Flow Stress and 
Phenomenological Studies on PL effect
A number of experimental [52,53,69,84,87,91,95,110,132] 
and theoretical studies [140,144,148,149,152,156-158] have 
shown that the occurrence of serrated yielding (PL effect) is 
related to the strain rate sensitivity of the flow stress. 
In alloys which exhibited serrated yielding after a critical
strain, ec, measurements of flow stress changes due to strain 
rate changes, Aar/Alne, decreased with increasing strain, 
reaching negative values at strains less than £c. The strain, 
£q, at which Ao/Aln£ = 0 and £c were found to exhibit the same
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dependence on strain rate, temperature and composition. 
McCormick [69] showed that the magnitude of Ao/Aln£ decreases
significantly with increasing temperature and decreasing 
strain rate. In alloys which exhibit continuous yielding,
Ao/Aln£ measurements were found to remain positive at all
strains [132] . It is now seems to be reasonable to regard 
the negative strain rate sensitivity as a cause of the PL 
effect. However, Dybiec [127] recently pointed out that some
measurements of Ao/Alne showed that it, although small, was
positive during serrated yielding and he showed it was true 
in Cu-Zn alloy taking into account of the deformation band 
parameter which was precisely measured. Thus the criterion 
of the negative strain rate for serrated yielding may be in 
doubt or measurement of strain rate sensitivity may be very 
difficult once localized unstable yielding initiates.
It is also shown experimentally [69,83,95,132] that eQ is 
often smaller than £c, and Aa/Aln£ < 0 is a necessary but not
sufficient condition for the onset of serrated yielding. 
Harun [95] suggested that there was a critical negative 
strain rate dependence for the onset of serrated yielding.
Phenomenological studies [140,148,152,156-158] have been 
done, which associate the occurrence of the PL effect with a 
negative strain rate dependence of the flow stress, trying to 
explain the characteristics described above such as the 
stability or instability of plastic flow, the critical
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condition for the initiation of stress drop, strain rate 
dependence of the magnitude of Atf or deformation band 
parameters.
Penning [148] has first examined the dynamics of 
repeated discontinuous yielding for materials exhibiting a 
bounded region of negative strain rate sensitivity, taking 
into account the propagation of deforming bands. He showed 
mathematically that the homogeneous deformation becomes 
unstable for the region where the strain rate dependence is 
negative. Whenever this region is reached, whether by 
increasing strain or stress, discontinuous jumps in strain 
rate across the unstable region should occur. He simplified 
the material characteristic, assuming that the stress a(£,E) 
can be expressed as
o = + F(e) (1.5)
cte
In the above assumption, the strain rate dependence of 
dislocation multiplication was considered to be negligible. 
As long as F(£) rises monotonously with £, the deformation 
remains homogeneous. In the PL region, however, F (£) is 
assumed to go through a maximum and minimum with rising £ as 
shown in Figure 1.17 without mentioning any microscopic 
physical mechanism. According to his machine equation,
M ^ - E  + ( M ^ + f W  = (1.6)
Be \ Be I l





Figure 1.17 Relation between stress and strain rate for
different strain. The strain rate sensitivity of 
strength is negative for values of the strain rate
between ex and £2 [148].
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deformation band in the total length of the tensile specimen 
L, and vQ is the cross head speed, the strain rate remains 
constant in time (£ = 0) only if;
e = es = v°--- - (1.7)
Penning showed qualitatively that if the applied strain rate 
does not coincide with £s, strain rate must vary so that 
either or £2 (in Figure 1.17) can be approached from either 
side, depending on the position of £ between £̂  and £2 . Since 
these strain rates, however, are not stationary strain rate 
(£s), a strain rate jump must occur to another strain rate at 
the same stress level, as shown in Figure 1.18. When the 
strain rate reaches £2, the strain rate jumps to a large value 
eH. During plastic flow (eL < £ < eH) the strain increases by
the amount of A e . It was also explained that the serrated
flow features such as shapes and A a depend on the band
characteristic and the applied extension rate, especially the 
position of £q with respect to the £x and £2 where
= (1 .8) Lf
Following Penning's model, Kubin and Estrin [156] gave 
more detailed analytical description of the propagating 
deforming band behavior at constant stress rate, solving 
exactly the nonlinear differential equations including a 
recovery term. PL band characteristics such as strain rate 






Figure 1.18 Whenever the strain rate reaches value £2 the
strain rate must jump to a value £H • Similarly 
there is a jump from ex to eL [148] .
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width were expressed exactly in terms of the experimental 
parameters and of parameters associated with the dislocation 
dynamics where the materials properties are still described 
through a function of F(£).
Recently, McCormick [140] evaluated the localization of 
plastic flow due to dynamic strain aging by using linear 
perturbation theory to define the critical condition for 
initiation of localized plastic flow. He obtained the 
constitutive flow equation, taking into account the time 
dependent change in local solute composition (Cs) at a mobile 
dislocation. With linear perturbation theory and numerical
simulation, the presence of critical strain, ê , above which
local strain inhomogeneities grow with increasing strain, was
clearly shown. The value of £c = 6̂  is greater than the
strain £q required for AG/Aln£ < 0, which is in good agreement 
with many experimental results presented previously. He also 
showed that the critical parameter £c is a strong function of
the local strain hardening and the rate of change in Cs.
The phenomenological studies to provide a link between 
the microscopic and the macroscopic aspects of nonuniform 
plastic flow associated with the PL effect include many 
aspects and difficulties. For example, it must deal with the 
physical modeling of microscopic mechanism including 
interaction of solute atoms with dislocations, aging 
kinetics, strengthening mechanisms, dislocation dynamics,
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recovery and stress relaxation effects, work hardening, etc. 
as well as the exact nature of the propagating deformation 
band and the interference of the machine characteristics in 
the process. Because of their complicated natures, a number 
of macroscopic features characteristic of the PL effect have 
not as yet been consistently explained or are still under 
discussion.
1.2.3 Microscopic Mechanisms for PL effect
1.2.3.1 Interaction between Solute Atoms and Dislocations
Since the PL effect was reported in 1923 [49], various
models have been proposed and it has been believed that the 
PL effect (serrated flow) is caused by some kind of 
interactions of solute corns with dislocations. Among them 
the most predominant interaction is believed to be due to the 
Cottrell atmosphere [142] and/or Snoek ordering or 
dislocation core ordering [58,159] which result from the 
difference in atomic radii of component elements, that is, 
size effect.
In addition, Kelly and Nicholson pointed out [160] that 
serrated yielding was only well marked in supersaturated 
solid solutions and could be taken as evidence of 
precipitation. Pink and Webernig [108] and Hayes et al. 
[75,115,116] have also introduced the idea of deformation- 
induced precipitation.
Recently Onodera et a l . [126] proposed the cluster
(G.P.zone, short range ordered region or fine precipitate)
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formation theory as a cause of the PL effect, based on the 
experimental results in various copper alloys which has 
different amount of solute atoms with different atomic radius 
and different quenched and aged condition. Cuddy et al. 
[161] studied the hardening of Fe-Ti alloys in the 
temperature range from 23 °C to 600 °C, and observed
strengthening due to dynamic interaction between dislocations 
and clusters of C or N atoms about Ti atoms. These clusters 
have been observed in an Fe-Ti alloy by a field ion 
microscope atom probe [162]. Baird and Jamieson [163] 
observed strong interaction of substitutional-interstitial 
dipoles with dislocations in the serrated yielding region in 
Fe-Mo-C alloy. .
Schwarz and Funk "164] investigated the kinetics of 
solute segregation in Al-Mg and Cu-Al single crystal alloys 
by using an internal friction (IF) technique and obtained 
following results:
(1) During the IF test most of the dislocations remained in 
their aged condition and a small fraction of the dislocation 
density was set free from its solute cloud by the application 
of a sufficiently large periodic stress.
(2) At low temperatures the dislocations interact with a 
fixed population of solutes.
(3) At intermediate temperatures where the solute segregation 
effects are detected by IF technique, solutes segregate to 
stationary dislocations mostly from the region surrounding 
the dislocation cores, without the assistance of an excess
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concentration of vacancies generated by plastic deformation.
(4) At high temperatures the segregation reaches a saturation 
value because the solute tends to remain in solution, rather 
than segregate to dislocations.
The interaction mechanisms during serrated yielding have 
mainly been investigated through indirect methods such as 
measurement of activation energy and are still in discussion 
because of the lack of direct evidence.
1.2.3.2 Proposed Models for the PL effect
In the first model due to Cottrell [142] and Russell 
[118], it was assumed that serrated yielding starts when the 
velocity of dislocations equals the drift velocity of solute 
atoms in the stress field of the dislocations,
vd = 4J2. (1 .9 )L
where vd is the dislocation velocity, D is the solute 
diffusion coefficient, and L is the effective radius of the 
atmosphere. The radius L is equal to Umb/kT, where Urn is the 
solute-dislocation binding energy and b is the Burgers 
vector. Equation (1.9) may be rewritten in terms of the 
applied strain rate, using the Orowan equation, as
e = — (1.10)L
where pm is the mobile dislocation density. In substitutional
alloys D is initially far too small for solute atmosphere to 
form but the increase in vacancy concentration, Cv, and
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decrease in dislocation velocity during deformation allow 
dynamic strain aging to occur after a critical amount of 
strain, ec. Equation (1.10) can be expressed as
e = 4kpmCvD0 exp(-Qm/kT)
L
where DQ is the diffusion frequency factor and Qm vacancy 
migration energy. The increase in vacancy concentration and 
dislocation density with strain may be expressed by the 
equations [119,142,143,146];
Cv = K£m (1.12)
p = N£^ (1.13)
where K, N, m and P are constants. Substituting equations
(1.12) and (1.13) into (1.11) gives the critical strain
?+P = £exp(^&)-- ^--- (1.14)V kT I 4hKNnn' / b D0
In the case of interstitial alloys, m = 0 [111,141] and
equation (1.14) becomes
e£ = Eexpl-^31]--- — - (1.14')'kT I 4bKNDo
Although many aspects of the phenomenon can be described 
by equation (1.14) in a satisfactory way, it has been pointed 
out by McCormick [143] that substitution of reasonable values
of all quantities in equation (1.14) leads to values of pm at 
the critical strain £c of about 1014 cm-2 which is too large
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at least about four orders of magnitude. The model presented 
by McCormick, which was based on the ideas by Sleeswyk [54] 
is as follows: Dislocation motion is considered to be
inherently discontinuous, being temporarily arrested at 
obstacles, breaking free and advancing to further obstacles. 
The average velocity can be expressed in terms of average 
waiting time t at the obstacle and average time of flight, 
tf, through the lattice to the next obstacles as
u = ---^---  (1.15)
t w  + t  f
where L is the average distance between arresting obstacles. 
The obstacles are considered to be the forest dislocations 
[101,106,109,143,149], solute atoms [143], G.P. Zones [143] 
or dislocation cells [68]. In dilute alloys, dislocation- 
dislocation interactions are assumed to be the primary rate 
controlling process and L is usually expressed as
L = -L (1.16)
vp
It was assumed to be tw »  tf, which was shown later to be 
good in the HVTEM observation of Tabata et al. on Al-Mg alloy 
[94]. Then the kinetic condition which relates the 
macroscopic strain rate £ with the density pm of moving 
dislocations is
e = pm -k-b (1.17)t W
The critical condition for the onset of serrated 
yielding is assumed to be
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t„ - ta (1.18)
where ta is the aging time necessary to lock the arrested 
dislocation, expressed for elastic solute-dislocation 
interaction and short aging times by using Cottrell-Bilby law 
[155] as
ta = ( - £ H 3/2ji!bi (1.19)
\ ac0 ' 3DUm
where c i s  the saturation concentration of solute at the 
dislocation (= 1) , C 0 is the solute concentration of the
alloy and a * 3 .  Finally, combining equations (1.12),
(1.13), (1.17), (1.18) and (1.19), critical strain ec can be
expressed as
e^+P « I °l )3/2 ekTbexp(Qm/kT) (1 2Q)
c \CXc0 l 3LNKUmD0
Following the concept of static aging of a temporarily 
arrested dislocation at an obstacle, van den Beukel [144] has 
derived an expression for the strain rate sensitivity of the 
flow stress during dynamic strain aging as follows: Taking
into account the effect of the local solute concentration at 
the arrested dislocation on the flow stress, the solute 
concentration may be expressed as
c = c0 + (KDtw)2/3 (1.21)
where
K = .J um„ (rcC())2/3 (1.22)
b2kT
with Um being binding energy between solute atom and
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dislocation, c0 solute concentration of the alloy, b 
interatomic distance, D the diffusion coefficient of solute 
atoms, and tw the waiting time. They are expressed with
where Qm, m and (3 are the same as defined earlier. Then van
den Beukel expressed the thermally activated deformation 
process taking into account of the effect of local solute 
concentration on the activation enthalpy H which is a 
function of the effective stress Ge and solute concentration 
c as
where V is the activation volume and the term of 
Dtw (dc/d(Dtw) ) qualitatively behaves as shown in Figure 1.19.
It was shown that for constant T and 8, there exists a 
negative Ao/Alne region in a certain range of 8 value.
Following Penning's model [148], it was assumed that 
inhomogeneous deformation should start when Ao/Alne becomes 
negative, that is, when
respect to macroscopic strain and strain rate as
Qm
kT (1.23)
= kn _ i M Dtw_j£_
3lne V V 3c d( Dt w) (1.24)
da 0 (1.25)3lne






Figure 1.19 Dtw(dc/d(Dtw)) as a function of Dtw . In the 
region of Dtw values between A and B, da/de is 
negative [144].
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KDtu = | 3/2kT ]3/2 (1.26)
3 h / 3 c
Substitution of (1.23) in (1.26) yields
em+p _ g exp| Qm | (1 .27 )
\ J c T  >
The validity of equation (1.27) has been verified by many 
experiments. Van den Beukel also showed that the temperature
dependence of the flow stress Bg q /BT in the dynamic strain 
aging in a similar way as
foe. = -_H_ + _Qm— M Dt (1.28)
Bt  VT kVT2 Be d( Dt w)
The second term on the right represents the influence of 
dynamic strain aging and it was shown that the G(T) curve
would show a hump as shown in Figure 1.20, which is regarded 
as a distinctive feature of dynamic strain aging [165] . 
Finally van den Beukel obtained an expression for the change 
in flow stress accompanying a change in strain rate which may 
be expressed as
do = JcT. 
3lne v
where
2/3c2/3(m+3)_ kT Alne 




It is assumed that the dislocation density is constant and 




Figure 1.20 Influence of dynamic strain aging on the temper­
ature dependence of flow stress. A hump is 
observed on the flow curves (b) and (c) [144].
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instantaneously upon a change in strain rate. It has been 
pointed out that in practice the change in solute 
concentration occurs over a period of time, t * t , resulting 
in flow stress transients accompanying the strain rate change 
[69, 132, 144] .
After the works of McCormick [143] and van den Beukel 
[144], many experiments to test these models and varied 
models were reported, some of which have been introduced 
previously.
Kocks et al. [70,91] calculated explicitly the increase 
in stress due to aging occurring during waiting time, 
assuming that the glide resistance of an dislocation can 
increase by increasing the obstacle strength.
Recently McCormick [140] proposed an advanced model 
which assumes that the solute composition at dislocation 
cannot instantaneously respond to a change in strain rate and 
follows first order relaxation kinetics whose relaxation time 
is of the order of t„. It was shown that there is a critical
strain 8̂  above which a local strain perturbation grows to a
detectable size of local yielding and 8̂  > 80. These models
are called "quasi-static aging model" while Cottrell's model 
are called "solute drag model".
It should be noted that the another group of models has 
also been proposed, based on the idea of the collective 
motion of dislocations [61,97,123]. Bailey et al. [97] and 
Brindley and Barnby [61] explained the PL effect very
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qualitatively based on the concept of dislocation 
multiplication in conjunction with the stress sensitivity of 
dislocation velocities which was developed by Johnston and 
Gilman [166,167] and Hahn [153]. They thought that advanced 
stages of aging are reached many times during the tensile 
test with consequent creation of new dislocations leading to 
a rapid multiplication of the mobile dislocation density.
Korbel et al. [123] criticized the models based on the
diffusion controlled process where only a discrete behavior 
of a given segment of dislocation line is treated. They 
pointed out the plastic instability needs the activation of 
large numbers of dislocations at the same time and it should 
be analyzed from the point of view of collective behavior of 
dislocations in motion. His model is based on the "traffic 
theory" presented by Rosenfield and Hahn [168] and Gilman 
[169] where the average dislocation velocity drops abruptly 
when the moving dislocation density reaches a critical value, 
not based on diffusion processes as shown in Figure 1.21.
Shoeck [149] recently proposed two models for the PL 
effect which combined the diffusion-controlled process with 
the collective behavior of dislocations, where the density of 
moving dislocations plays a central role. In one model, the 
effective stress is expressed as
= U[-Pm/pp) - ln(pmb l ) + £2-ln-£_ (1.31)V V V v0





Figure 1.21 The theoretical dependence of average velocity 
of dislocations on the density of mobile 
dislocations [123].
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activation volume, pp the dislocation density where effective 
aging can occur, i.e. tw = ta, L average obstacle distance, vQ 
attempt frequency of thermal activation. U(pm/pp) is 
considered to have the shape given in Figure 1.22. As a 
result, the behavior of C>e as a function of pm is shown
schematically in Figure 1.23 for two different strain rates. 
There exists a negative strain rate sensitivity region at a
constant pm . According to equation (1.31), AGe is inversely
proportional to the activation volume V which influences the 
strain dependence of the strain rate sensitivity.
In the other model, the depleted population model, the 
effect of aging on the mobile dislocation density is 
considered as a main controlling factor. In this model a 
large number of mobile dislocations produced by a sudden 
strain burst decrease the density during aging, resulting in 
repeated yielding similar to the process leading to an upper 
yield point described by Hahn [153].
1.2.3.3 Methods to Calculate the Activation Energy of 
Serrated Yielding 
Measurement of the activation energy of the serrated 
yielding has been a crucial way to determine the controlling 
physical process. Two methods are commonly used in analyzing 
serrated yielding. In the first, the critical plastic strain










Density of Moving Dislocations
Figure 1.22 The change of intersection energy U plotted
against the density of moving dislocations for a 





Density of Moving Dislocations
Figure 1.23 The change of effective stress plotted against 
the density of moving dislocations for two 
different strain rates [149].
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strain rate and temperature. From the temperature dependence
of the ec vs. strain rate curves, the activation energy of the
process may be determined based on the equation
£ °c C8^ + Pexp( - AH/kT) (1.32)
where C is a constant dependent on the assumed model of the 
process. Following equation (1.32), AH may be expressed as
AH = 2.3k(m + P) dlog £c d(l/T) (1.33)
The second method involves measuring the stress drop or 
serration height A ct at a given strain as a function of strain
rate and temperature. Hayes et al. [75,115,116] investigated 
serrations in nickel alloys and ferrous alloys, and they 
proposed the equation as
d loge 
. d(l/T) (1.34)Aa, e
They showed that this method gives the same results as the 
conventional method of measuring the critical strain.
Pink and Grinberg [73] used the assumption
Aa oc (At/T)2/3exp(-2 AH/3kT) (1.35)
in the analysis of serrations in a ferritic stainless steel, 
which was derived from Russell's suggestion [118] that Aa
should be proportional to the number of solute atoms which 
segregate at a dislocation in accordance with the Cottrell- 
Bilby rule. It was proposed that the activation enthalpy can
be calculated from diagrams where log{Aa(T/At)2^3} is plotted
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against 1/T, in the following manner:
AH = 2
d log Aa( T/At )2 /3 
d( 1 / T ) (1.36)e, e
The results were shown to be too low compared with the 
expectations for steel [118] and Al-Mg-Zn alloy [108].
Later, Pink [154] proposed a modified equation:
dlog(T/At)2/3AH = -^-2-k2 d( 1 / T ) Aa, e
(1.37)
They tested the validity of equation (1.37) by comparing with 
the AH obtained from equation (1.34) in AISI 430F steel and 
observed a good agreement as shown in Figures 1.24 (a) and
(b) .
1.3 Dynamic Strain Aging Effects in Ferrous Martensite
Some investigators [21,56-58,60,74,75,170] have reported 
dynamic strain aging effects in ferrous martensites. Fe-C 
martensites differ from annealed a-iron with carbon in
solution. In martensites the carbon concentration in 
solution can be much greater and the substructure contains a 
greater density of dislocations. The greater interstitial 
solute concentration would be expected to accentuate the 
macroscopic effects which result from interstitial atom- 
dislocation interaction.
It has been shown [22] that below -60 °C there is no 
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Figure 1.24 The plots for evaluating AH for a steel.
(a) Plot according to equation (1.37) and (b) 
that accoding to equation (1.34) [154].
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dislocations. Increase in the carbon concentration increases 
the athermal component of the flow stress, and the thermal 
component which is unaffected by the presence of carbon was 
assumed to be due to thermal activation of double-kinks which 
move the dislocation over the Peierls hill [22] . Above -60 
°C, the activation enthalpy and activation volume increase 
markedly with increasing temperature and they are no longer 
independent of carbon concentration [22,57].
A yield drop can be developed by static or dynamic 
strain-aging at temperatures above -60 °C and these tests 
showed that Snoek and Cottrell interactions can operate in 
Fe-21 % Ni-C martensite, depending on testing temperature and 
time [57].
Leslie and Sober [170] have reported the negative strain 
rate sensitivity in the temperature range of -50 °C to the 
room temperature in Fe-C martensites as shown in Figure 1.25. 
They attributed this negative strain rate sensitivity to 
dynamic strain aging and pointed out that dynamic 
strengthening is independent of carbon content and strongly 
dependent on test temperature and strain rate. At room 
temperature, it plays an important role in strengthening the 
martensite.
Owen and Roberts [56-58] are the first to report and 
quantitatively analyze the serrated yielding which occurred 
in Fe-21 % Ni-C martensites with carbon contents between
0.015 % to 0.12 % during deformation at temperatures from 
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Figure 1.25 Temperature and strain-rate dependence of flow
stress of AISI 4320 (0.21 % C) quenched from 900 
°C [170] .
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that the strain rate and temperature at which serrated flow 
appears is not affected by the substructure and strongly 
dependent on the carbon content in solution, comparing 
ferritic and martensitic alloys as shown in Figure 1.26 [57]. 
The activation energy obtained from the slope in Figure 1.2 6 
was 81.2 kj/mol (19.4 kcal/mol).
In contrast, an Arrhenius plot [57] of the strain rate 
and temperature of disappearance of serrated flow gives the 
activation energy of 163 kJ/mol (39.0 kcal/mol). Owen and 
Roberts showed that the strain rate at a fixed temperature, 
or the temperature at a fixed strain rate, at which serrated 
yielding disappears, is a function of the substructure that 
influences the availability of nucleation sites and the 
diffusion distances involved and not a function of the 
concentration of carbon. They also suggested the importance 
of the relative magnitude of the binding energy of a carbon 
atom with a new moving dislocation to that with the quenched- 
in substructure dislocations within which the sites for the 
nucleation of carbides are likely to be found.
Owen and Roberts [57] proposed that serrated yielding 
disappears when growing carbides become more stable than the 
atmosphere surrounding a moving dislocation.
Later, Hayes et al. [75] investigated the disappearance 
mechanism of serrated yielding in AISI 1020, 2.25 % Cr-1 % Mo 
quenched and tempered steels and proposed the similar 
mechanism to that of Owen and Roberts. They obtained the 
activation energy of 111 kj/mol (26.5 kcal/mol) for the
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Figure 1.26 Arrhenius plot of the strain rate and tempera­
ture at the onset of serrated flow in alloys of 
different carbon content and structure [57].
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process by using two different methods; one from the 
temperature dependence of Ec vs. strain rate curves and the
other from the stress drop Aa as a function of strain rate
and temperature.
It is noted that the mechanism of appearance and 
disappearance has been studied through indirect measurements 
such as measurement of activation energy but no substructural 
studies involving TEM has been reported yet.
1.4 Purpose of this Investigation
The purpose of this investigation is to examine strain 
rate and temperature effects on the deformation behavior and 
mechanical properties of an as-quenched low-carbon, low-alloy 
martensitic steel. Low-carbon martensites could be used as 
high-strength sheet steel in the future and may be used as a 
strengthening element in multiphase steels. The
understanding of low-carbon martensite deformation behavior 
over a wide range of strain rate and test temperature will 
provide fundamental data for alloy design and analysis of 
deformation behavior of multiphase steels.
Tensile testing will be conducted over a wide range of
strain rate from 8.3 x 10“6 sec-1 to 1.7 x 10"2 sec-1 at
temperatures between 25 °C to 150 °C. The activation energy 
for the deformation process at elevated temperatures will be 
evaluated from the tensile test data. In addition, the room 
temperature tensile properties of low-temperature tempered
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martensite will be examined as reference data.
Light microscopy and transmission electron microscopy 
will be used to characterize microstructure, dislocation 
structure and the morphology and distribution of carbide 
precipitates in tensile specimens before and after testing. 
The substructural components will be related to the 
mechanical properties determined by the tensile test at each 
combination of strain rate and temperature.
Particular attention will be paid to the substructural 
characterization including dislocation substructure and 
carbide precipitates in order to closely study the dynamic 
interaction between carbon atoms and substructures in the 
low-carbon martensite deformed at elevated temperatures where 




The chemical composition of the steel used in this 
research is 0.142 wt. % C, 1.48 wt. % Mn, 0.272 wt . % Si,
0.040 wt. % Al, 0.012 wt. % S, 0.004 wt. % N and was provided 
by the Inland Steel Company, Indiana Harbor Works . The 
mechanical properties of this steel were evaluated previously 
[171] in the dual-phase condition. The steel, designated Hi- 
Form A CAL, was reheated to 1250 °C and finished by hot 
rolling at 900 °C. The hot rolled steel was coiled at 540 °C 
to 577 °C and then cold rolled at reductions of 60 % to 70 % 
to produce a final gauge of 1.57 mm.
2.2 Test Specimens
Tensile specimen blanks, 203 by 19 mm, were sheared 
parallel to the rolling direction from the as-received 
sheets. Tensile samples were machined from the blanks in 
accordance with ASTM specification E-8-82 for sheet-type 
specimens. Final dimensions of the gauge section were 50 mm 
in length, 12.5 mm in width, and 1.5 mm in thickness with a 
center taper not greater than 0.1 mm. Machining was carried 
out on a Tensilkut machine with an E-8-82 template. Rough 
grinding was done with a 2 flute bit and final grinding used 
an 8 flute bit. Final polishing was done by hand with 80 
grit and 120 grit emery cloth to remove burrs. An 8.2 mm 
hole was drilled in each sample to facilitate subsequent heat
T-3958 79
treatment and tensile testing.
2.3' Heat Treatment
Tensile specimens were heat treated in neutral salt 
baths. The salt was composed of 90 % barium chloride and 10 % 
sodium chloride. Samples were austenitized at 900 °C for 15 
minutes. Temperature in the bath was monitored with a type K 
thermocouple attached to a digital thermometer. The maximum 
temperature deviation along the sample was 3 °C. All samples 
were quenched in iced water. After quenching, the samples 
were immediately transferred into liquid nitrogen and stored 
there until tensile testing was performed. Some samples were 
tempered at 150 °C for 0.5 hour and 24 hours in an oil bath 
prior to room temperature tensile testing.
2.4 Tensile Testing
Tensile testing was conducted on an Instron TTD tensile 
testing machine equipped with Model 1125 Control Console and 
utilizing a 9,100 kg (20,000 lb) load cell. Tests were run 
at crosshead speeds of 0.0254 mm/min to 50.8 mm/min,
corresponding to engineering strain rates of 8.3 x 10“6 sec"1
to 1.7 x 10“2 sec”1. The slowest crosshead speed was
controlled by a variable speed controller and monitored with 
a dial gage.
A 50.8 mm gauge length Shepic submersible extensometer, 
Model #SE-HT, with a 50 % strain capacity was used. It was
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attached to the sample with stainless locator pins.
Prior to testing, each specimen was measured for width 
and thickness at scribe marks located at the ends and center 
of the gauge length. The locator pins were attached at the 
end scribe marks with the help of a spacer designed for a
50.8 mm gauge length. Next, the sample was placed in the 
bottom grips of the tensile testing machine. A pin was 
placed through holes in the sample and grips to hold the 
sample in place. The samples were carefully aligned to 
ensure pure uniaxial tension loading then the upper grips 
were tightened and a slight pretension was applied. The 
extensometer was then placed on the locator pins.
Samples and grips were immersed in an isothermal bath 
mounted on an external steel frame while a metal cage 
replaced the usual bottom grips. A Blue-M continuous 
agitation oil bath and heat transfer fluid oil (Paratherm NF) 
manufactured by Paratherm Corp. were used. The oil 
temperature was monitored with a type K thermocouple and 
digital thermometer. A plate with a wedged slot was 
suspended from the cage to act as lower grips.
Lastly, bath temperature was recorded, crosshead speed 
selected, data acquisition system readied, strain measuring 
circuits zeroed, and the test conducted. Approximately 3 to 
4 minutes elapsed after the sample was immersed in the heated 
oil until tensile testing was started.
Tensile test data were recorded on both a chart recorder 
and a personal computer directly connected to the console
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panel of Instron through an analog to digital converter.
After the tensile testing, the sample was taken out of 
the heated oil within 3 minutes. Tensile testing at room 
temperature was carried out in air of which temperature was 
in the range of 20 °C to 25 °C.
2.5 Metallography
Specimens for austenite grain size measurement were cut 
from a tempered sample at 350 °C for 30 minutes and etched in 
a solution of 80 ml H20, 28 ml oxalic acid (10%), and 4 ml 
H202 to reveal prior austenite grain boundaries. Grain size 
were determined by the intercept method according to ASTM 
standard E-112-85. Specimens for optical microscopy were cut 
from the as-quenched sample and etched in 2% nital to reveal 
packet structure.
2.6 Transmission Electron Microscopy
Thin foils were prepared from tensile test specimens
tested at room temperature, 150 °C/8.3 x 10"4 sec-1 and
150 °C/8.3 x 10"6 sec"1. Tensile specimens tested at 150
°C/8.3 x 10“4 sec"1.and 150 °C/8.3 x 10"6 sec"1 were immersed
in heated oil for about 10 minutes and 8 hours, respectively. 
Undeformed structures were taken from the ends; deformed 
structures from the gauge length.
Specimens were cut from tensile specimens with a Buehler 
Isocut saw, and were mechanically thinned on 360 to 600 grit
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silicon carbide wet grinding paper to a thickness of about 
0.5 mm. The 0.5 mm wafers were chemically thinned to 
thicknesses of 0.09 mm to 0.12 mm in a solution composed of 
35 ml 30 vol. % hydrogen peroxide, 15 ml water, and 2 ml 80 
vol. % hydrofluoric acid. Three mm diameter disks were 
punched from the thinned wafers. Disks were mechanically 
ground on 600 grit SiC wet grinding paper to a thickness 
range of 0.05 to 0.07 mm. Care was taken during thinning to 
avoid heating or bending of foils.
Specimen thin area was developed by perforating the 
disks with a Fischione twin-jet electropolisher. The 
electrolytic solution was composed of 5 vol. % perchloric 
acid and 95 vol. % acetic acid. An applied voltage of 100 
volts and current of 75 mA were used for thinning. After 
perforation occurred the foils were rinsed thoroughly in 
acetic acid and methanol and then dried. The foils were 
examined with a Phillips EM 400 microscope at 120 kV. Bright 
field images, selected area (SA) diffraction patterns, 




This chapter presents the results of experiments 
conducted to characterize strain rate and temperature effects 
on shapes of stress-strain curves, mechanical properties, and 
kinetics of deformation processes of the as-quenched low- 
carbon martensite. Mechanical properties of tempered 
martensite tested at room temperature are also shown.
Evaluation of substructures and carbide precipitates are 
made in order to fundamentally explain the observed strain 
rate and temperature dependent deformation behavior and 
mechanical properties of a low-carbon martensitic steel.
3.1 Deformation Behavior of As-Quenched Specimens
This section presents the variety of characteristics of 
engineering stress-strain curves of the as-quenched samples 
obtained as a function of strain rate and test temperature. 
Serrated yielding has been observed at a certain range of 
strain-rates and temperatures. In order to facilitate the 
presentation of the results, tensile test conditions and 
their designation used in this research are shown in Table 
3.1. The duration of test is the average time that a tensile 
test specimen was subjected to the test temperature from the 
onset of tensile testing to the fracture of specimen, which 
was measured experimentally and dependent not only on the 
strain rate but also on ductility of the material. Before 
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heated oil for about 3 to 4 minutes. Figure 3.1 shows room 
temperature stress-strain curves of the as-quenched Fe-0.14 % 
C martensitic steel evaluated as a function of strain rate.
The strain rate range is 1.7 x 10-5 sec-1 to 1.7 x 10-2 sec-1.
No serrated yielding is observed at room temperature, 23 °C 
to 25 °C.
The flow curves are essentially unchanged up to the 
onset of necking instability by changes in the strain rate, 
except for that at 1.7 x 10-5 sec-1. The post-uniform
engineering strains, epu, were slightly changed, increasing
with strain rate. The Young's modulus, E, is about 160 GPa 
for all testing conditions.
At elevated temperatures, 60 °C to 150 °C, serrated
yielding is observed at certain ranges of strain rates. 
Figures 3.2 (a) and 3.3 (a) show engineering stress-strain
curves obtained at 90 °C and 150 °C, respectively, for
various strain rates. The curves overlap and to illustrate 
the characteristics of serrated yielding clearly, the flow 
curves are shifted along vertical axis in Figures 3.2 (b) and
3.3 (b) .
Regular and continuous shapes of serrated yielding are 
observed after certain amounts of plastic strains, ec, which
range from 1.7 % to 4.5 %, depending on the strain rate and 
test temperature. However, discrete discontinuous yieldings 
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.1 Engineering stress-strain curves tested at room 
temperature for a range of strain rates in an 






























0 1 2 3 4 5 6 7 8 9  
Engineering Strain (%) 
(b)
Figure 3.2 Engineering stress-strain curves tested at 90 °C 
for a range of strain rates in an Fe-0.14 %C 
martensitic steel. (a) Typical stress-strain 
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(b)
Engineering stress-strain curves tested at 150 °C 
for a range of strain rates in an Fe-0.14 % C mar­
tensitic steel. (a) Typical stress-strain curves 
and (b) serrated flow curves shifted along stress 
axis.
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rates. These irregular, low-strain serrations were not 
considered as serrated yielding when the critical strain £c
was evaluated, assuming that they were due to inhomogeneity 
in the deformation substructure or other unknown reason.
The shapes of serrated flow curves are regular and 
continuous. The stress drops are 20 to 230 MPa, and no 
general strain hardening with respect to the highest stress 
of each serration is observed, in accordance with the typical 
serrated flow curves found for martensites [56,57,60].
The amplitude of the stress drop decreases with an 
increase in strain rate at a constant temperature as shown in 
Figure 3.4. The stress drop closest to a plastic strain of 
about 3 % was measured. At higher strain rates, the stress 
drop amplitude is initially small and irregular and then 
grows rapidly until the final fracture, as illustrated in 
Figure 3.2 (b) and 3.3 (b) for those at 90 °C/8.3 x 10-3 sec-1
and 150 °C/1.7 x 10-2 sec-1, respectively.
Figures 3.5 (a) and (b) show the highest and lowest
stresses of each serration as a function of total plastic 
strain at 90 °C and 150 °C, respectively. The highest stress 
increases with a decrease in the strain rate and remains 
almost constant with the total plastic strain. The lowest 
stress generally decreases with strain.
Serrated yielding always accompanies the formation of a 
localized plastic deformation band, usually called a 
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Figure 3.4 The effect of strain rate on the magnitude of stress 
drop of each serration at 3 % total plastic strain 
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Figure 3.5 Maximum and minimum stresses of each serration 
versus plastic strain for various strain rates 
measured at (a) 90 °C and (b) 150 °C.
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Figure 3.6. The number of surface markings correspond to the 
number of yield drops in the stress-strain curve. Thus each 
serration is associated with an appreciable extension 
confined to a narrow band which produces the surface 
markings. The deformation bands make angles of 57° to the 
tensile axis and a deformation band became a site of final 
fracture.
The localized plastic strain associated with the 
occurrence of serrated yielding increases with total plastic 
strain as shown in Figures 3.7 (a) and (b) for 90 °C and 150
°C, respectively. At 150 °C, the localized plastic strain 
increases rapidly with total plastic strain, approaching a 
constant value. If the strain rate is large, as in the case
of strain rate of 8.3 x 10-3 sec-1, the localized plastic
strain continues to increase linearly with strain until 
fracture.
Strain- and stress-time curves are illustrated in Figure
3.8 and Figure 3.9, for 150 °C/4.2 x 10-3 sec-1 and 150 °C/8.3
x 10-4 sec-1, respectively. Sudden strain bursts occur within
0.2 sec, causing audible acoustic emission during tensile 
testing.
Figure 3.10 shows the relationship between the magnitude 
of the stress drop and localized plastic strain associated 
with each serration obtained under various conditions, giving 
a linear relation whose slope is 25,000 MPa (250 MPa/%).
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Figure 3.6 Surface markings observed on a specimen which 
exhibited serrated yielding. The number of 
serrations in the stress-strain curve correspond 
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Figure 3.7 Localized plastic strain associated with each ser­
rated yielding versus total plastic strain measured 























Figure 3.8 Strain-time and stress-time curves for serrated 
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Figure 3.9 Strain-time and stress-time curves for serrated 




















.10 Relationship between stress drop and localized 
plastic strain for each serrated yield drop at 
various test conditions. The slope is 250 MPa/%.
AS = 250 Aep (%) + 9.56
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strain- and stress-time curves to be 8.2 MN/m [Appendix]. 
From equation (1.3), the ratio of plastic strain change Aep 
to drop in stress As can be expressed as
^eP = I Aq + - H  (3.1)IAs| \ KML0 E
where the term of vAt/LQ is assumed to be small enough to be 
negligible. Applying reasonable values to equation (3.1); A 0
is 1.9 x 10-5 m2, L q is 0.100 m, E is 160 GPa, the value of
(Aep/lAsl)_1 becomes 34, 000 MPa, which is 36 % greater than
that obtained from Figure 3.10. This difference is probably 
due to both the assumption that strain burst Aep occurred in 
an infinitesimal time and an error in estimating the machine 
stiffness. Thus there seems to be changes in the velocity of 
the moving deformation band in the course of a serrated 
yielding so that the assumption that the contribution of
vAt/L0 term is negligible can not be valid.
During reloading time after each stress drop, the 
average slope in the stress-strain curve is slightly lower 
than the Young's modulus of the specimen. The stress-time 
curves show a convex curve as shown in Figure 3.9, indicating 
that the specimen is strained mainly elastically and partly 
plastically. It is unclear whether this "creep" or 
relaxation-like plastic deformation occurs in the vicinity of 
the deformation band front or uniform region out of the 
deformation band.
The reloading time At, the time interval between
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consecutive stress drops, increases with total plastic strain 
as shown in Figure 3.11. However, average levels of At are 
essentially dependent strongly on the strain rate, and are 
slightly dependent on test temperature as illustrated in 
Figure 3.12. The relationship between average time interval
At and strain rate is expressed as
log At = -0.97 1oge - 2.40 (3.2)
for 90 °C and
log At = -1.32 logs - 3.21 (3.3)
for 150 °C.
Figure 3.13 shows the effect of temperature on the 
stress-strain curves at the strain rate of 1.7 x 10-5 sec-1.
No serrated yielding is observed at room temperature, 120 °C 
and 150 °C while at 120 °C fracture occurs just after the 
necking occurs, resulting in almost zero post-uniform 
elongation. At 150 °C, the flow curve is entirely smooth, 
however, a small discontinuous yielding is observed at 0.5 % 
plastic strain. The total elongation at 150 °C increases, 
significantly, to 13.3 % from 5.8 % at room temperature.
3.2 Mechanical Properties
Section 3.1 described characteristics of deformation 
behavior for the variety of conditions studied in this
research. This section presents the strain rate and
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Figure 3.11 Reloading time At after each stress drop versus
total plastic strain after each stress drop during 
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Figure 3.12 The effect of strain rate on the average reloading 
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Figure 3.13 The effect of temperature on the shape of engi­
neering stress-strain curves at strain rate of
1.7X10"5sec"1 in an Fe-0.14 % C martensitic steel.
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3.2.1 Strength Characterization 
3. 2.1.1 Temperature Effect
Figures 3.14 (a), (b) , (c) and (d) show the effect of
temperature on the ultimate tensile strength (UTS) and 0.6 % 
offset yield strength (0.6 % YS) for four different strain 
rates. UTS represents the highest flow stress when the 
serrated yieldings takes place. The 0.6 % flow stress has 
been selected as yield strength to avoid possible ambiguities 
in the microstrain range [56,172,173] due to quenched-in 
stresses.
UTS increases with temperature for all strain rates, 
exhibiting the negative temperature dependence of flow 
stress. The slopes of increase in UTS are almost the same as 
those for 0.6 % YS up to the peak value of 0.6 % YS. It is 
noted that UTS still increases after the temperature exceeds 
the serrated flow region, while 0.6 % YS begins to decrease 
in the higher temperature end of serrated flow region and 
continues to decrease with temperature in the region where 
the serrated yielding is no longer observed. At the lowest 
strain rate of 1.7 x 10"5 sec-1, where time duration of the
test ranges from 140 min to 240 min, two peaks of UTS appear 
with increasing temperature.
Figures 3.15 (a) and (b) illustrate the effect of
temperature on UTS and 0.6 % YS, respectively for various 
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Figure 3.14 The effect of temperature on the tensile strength 
and 0.6 % offset yield strength of an Fe-0.14 % C 
martensitic steel at strain rates of (a) 8.3 xlO'3 
sec"1, (b) 8.3 x 10~4 sec"1, (c) 8.3 x 10 "5 sec'1 and 
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Figure 3.15 Difference in the effect of temperature on (a) 
tensile strength and (b) 0.6 % offset yield 
strength for different strain rates. Replot of 
the data in Figure 3.14 (a) to (d).
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dependence is observed from room temperature up to 150 °C. 
As the strain rate is lowered, the curve is shifted toward 
lower temperature. The maximum increment in UTS was observed
at 120 °C and strain rate of 1.7 x 10-5 sec-1, which is 168
MPa relative to UTS at room temperature and strain rate of
8.3 x 10-3 sec-1. The 0.6 % YS appears to show a maximum and
decrease rapidly after the maximum. The curve is shifted to 
lower temperature as the strain rate is decreased in the 
similar way to that for UTS. The maximum increment is, 
however, much lower than that of UTS, roughly 74 MPa. The 
peak values of 0.6 % YS appear to be unchanged with change in
strain rate, except for that at 8.3 x 10-3 sec-1.
Figure 3.16 shows the effect of temperature on strain 
hardening, the difference between UTS and 0.6 % YS, at
different strain rates. Strain hardening tends to increase 
with increase in temperature and decrease in strain rate. 
However, strain hardening values obtained below 90 °C at all
strain rates or below 150 °C at strain rates of 8.3 x 10-3
sec-1 and 8.3 x 10-4 sec-1 do not differ in magnitude so much,
ranging from 111 MPa to 156 MPa. The remarkably large values 
of strain hardening obtained at temperatures from 120 °C to 
150 °C and strain rates of 8.3 x 10-5 sec-1 or lower
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Figure 3.16 The effect of temperature and strain rate on the 
strain hardening, the difference between TS and 
0.6 % YS. Strain hardening is extremely large 
above 120 °C.
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3.2.1.2 Strain Rate Effect
The previous section presented the temperature effect on 
the strength and showed the negative temperature dependence 
of flow stress which may be attributed to a dynamic strain 
aging effect. In this section, another view of this effect, 
strain rate dependence of flow stress, is presented.
Figures 3.17 (a), (b), (c) and (d) show the effect of
strain rate on UTS and 0.6 % YS for temperatures of room 
temperature, 60 °C, 90 °C and 150 °C, respectively. At room
temperature appreciable negative strain rate dependence of 
flow stress is observed at very low strain rates, lower than 
10-4 sec-1. At the strain rates above 10 ~4 sec-1, both UTS 
and 0.6 % remain almost constant. At 60 °C, negative strain 
rate dependence exists in the entire range of strain rates 
including the no serrated yielding region. At 90 °C, UTS and 
0.6 % YS tend to show negative strain rate dependence but 
with some scatter in the data. The magnitude of strain 
hardening remains approximately constant, about 125 MPa at 
temperatures up to 90 °C. It is above 120 °C that the 
extremely large strain hardening can be observed in the range 
of strain rates tested in this investigation. At 150 °C, 0.6
% YS increases with strain rate up to 4.2 x 10-4 sec-1 and
then decreases, exhibiting negative strain rate dependence of 
flow stress. UTS has the same tendency as 0.6 % YS while at 
the lowest strain rate, very large strain hardening is 




































Figure 3.17 The effect of strain rate on tensile strength and 
0.6 % offset yield strength at (a) room tempera­
ture, (b) 60 °C, (c) 90 °C and (d) 150 °C in an
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Figure 3.18 The effect of strain rate on strain hardening, 
the difference between TS and 0.6 % YS, tested 
at 150 °C.
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strain hardening measured at 150 °C. The magnitude of strain 
hardening increased with decrease in strain rate, and was 
especially large at strain rates equal to or lower than 4.2 x
10-4 sec-1. Durations of tensile test at which large
increases in strain hardening are observed range from 6 
minutes to 480 minutes as indicated in Figure 3.18. It is 
noted that this large strain hardening range corresponds to 
the lower strain rate end of the serrated yielding zone and 
no serrated yielding zone.
3.2.2 Ductility Characterization
This section presents the results regarding the 
ductility such as uniform elongation and total elongation 
which may be also a direct reflection of strength 
characteristics including strain hardening behavior or strain 
rate sensitivity.
Figure 3.19 shows the strain rate effect on the total 
elongation, eT, and uniform elongation, eu at room 
temperature. The uniform elongation remains almost constant, 
about 4 %, and total elongation slightly increases with
increasing strain rate, from 5.8 % at 1.7 x 10-5 sec-1 to 7.2
% at 1.7 x 10-2 sec-1. At elevated temperatures, where
serrated yielding occurs, the measurement of uniform 
elongation was difficult. Total elongations showed much 
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Figure 3.19 The effect of strain rate on total and uniform 
elongations measured at room temperature in an 
Fe-0.14 % C martensitic steel.
O Total Elongation 
•  Uniform Elongation
Room Temperature
TT








14 O Total Elongation 








Figure 3.20 The effect of strain rate on total and uniform 
elongations measured at 150 °C in an Fe-0.14 % 
martensitic steel.
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strain rate effect on ductility at 150 °C. In the serrated 
flow region where the value of eu is not shown, eT varies 
irregularly around 5.4 % which is the average value.
However, at strain rates lower than those of serrated flow 
region, both uniform and total elongation increase 
dramatically. The post uniform elongation, e , is 3.4 % ontr
an average in this region, which is not significantly higher 
than that at room temperature which is 2.4 %. Thus these
large increases in total elongation can be attributed mainly 
to the large increases in uniform elongation. Figure 3.21 
illustrates a true stress-strain curve at 150°C and strain 
rate of 1.7 x 10”5 sec”1 of which uniform and total
elongations are 8.7 % and 13.3 %, respectively. In the same 
figure, a true stress-strain curve obtained at room 
temperature and the same strain rate is also shown for 
reference. The yield stress at 150 °C is lower than that at 
room temperature, however, the flow curve at 150 °C appears 
to maintain a higher strain hardening rate than that at room 
temperature.
In Figure 3.22, the logarithm of true plastic strain 
hardening rates are plotted against the logarithm of true 
plastic strain, a plot usually referred to as a Jaoul- 
Crussard plot, for room temperature and 150 °C tensile data. 
This plot indicates that strain hardening rates decrease with 
plastic strain for both temperatures while at 150 °C, plastic 
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Figure 3.21 True stress-strain curves at strain rate of 1.7 
x 10"5 sec-1 at room temperature and 150 °C in 
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Figure 3.22 Log-log plots of true plastic strain hardening rate 
versus true plastic strain for an Fe-0.14 % C mar­
tensitic steel measured at room temperature and 150 
°C for strain rate of 1.7 x 10"5 sec"1 .
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temperature.
In general, the magnitude of uniform elongation is 
discussed in terms of the criterion for plastic instability. 
This criterion relates the change in true strain hardening 
rate to the true strain at instability, namely, at the 
maximum uniform true strain where the load carrying capacity 
due to strain hardening can not make up the decrease in load 
bearing capacity resulting from decreasing cross sectional 
area of the specimen. Thus it can be concluded that large 
increase in the uniform elongation at 150 °C is attributed to 
the large strain hardening rate and low yield stress.
3.3 Activation Energy Measurements
This section presents the results of calculation of 
activation energies for the deformation processes from 
tensile test data. In general, there are two methods to 
evaluate the activation energy. One is the critical plastic
strain, £c  ̂ methods, where £c is measured as a function of
strain rate and temperature. The activation energy for the 
appearance of serrated yielding may be calculated based on 
equation (1.33). This method is based on the assumption that 
substructures at a constant £c are the same irrespective of
strain rates and temperatures. Figure 3.23 shows the 
temperature and strain rate dependence of the critical 
plastic strain. Critical plastic strains are indicated in 
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Figure 3.23 Temperature and strain rate dependence of critical 
plastic strain for the onset of serrated yielding 
in an Fe-0.14 % C martensitic steel. A straight 
line represents iso-strain of 1.8 % selected arbi­
trarily to calculate the activation energy for the 
onset of serrated yielding.
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of 1.8 % which is selected arbitrarily. From equation
(1.13), the activation energy is calculated to be about 77 
kJ/mol (18 kcal/mol) , in good agreement with value of 81.1 
kJ/mol (19.4 kcal/mol) reported by Roberts and Owen [57] for 
Fe-21 % Ni-C martensitic steels.
When an anomalous delay of the onset of serrated
yielding, that is, negative strain rate dependence of 6C, is
observed, this critical plastic strain method may be used to 
calculate the activation energy for the delay mechanism [75]. 
Figure 3.24 shows the effect of strain rate on the critical 
strain for the onset of serrated yielding measured at 90 °C 
and 150 °C. Anomalous £c delay to the onset, of serrated
yielding is observed at both temperatures. According to 
equation (1.32), the activation energy for delay mechanism is 
evaluated to be 85 kJ/mol (20 kcal/mol), which is smaller 
than the value of 110 kJ/mol (26.5 kcal/mol) reported by 
Hayes and Hayes [75] for martensitic AISI 1020 steel.
The second method to determine activation energy is the 
stress drop, As, method [73,75,115,116,157] where As at a 
given strain is measured as a function of strain and 
temperature. This method is based on the assumption that As 
is the difference in frictional stress between fully aged 
dislocations and those free from segregated solutes. Each 
serrated yielding is assumed to be a single (static) strain 
aging process to produce a subsequent stress drop. The other 
effects such as work hardening are assumed to be constant or
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Figure 3.24 Strain rate dependence of critical plastic strain 
for the onset of serrated yielding measured at 90 
°C and 150 °C in an Fe-0.14 % C martensitic steel. 




Figure 3.4 shows the strain rate dependence of As at a 
plastic strain of about 3 %, measured at 90 °C and 150 °C. 
For both temperatures, As decreases linearly with increasing 
logarithm of strain rate. The activation energy of the 
serrated yielding process may be calculated from these lines, 
from equation (1.34) . The calculated value is 101 kJ/mol (24 
kcal/mol).
3.4 Mechanical Properties of Tempered Martensite
In the previous sections, the effects of strain rate and 
testing temperature on the mechanical properties of the "as- 
quenched" low-carbon martensitic steel were presented. 
During tempering at 150 °C, further segregation of carbon to 
dislocations and carbide precipitation, which may be limited 
in as-quenched low-carbon martensites, can occur [26,41]. It 
is interesting to know the effect of low-temperature 
tempering on the mechanical properties of low-carbon low- 
alloy martensitic steel which may have been subjected to 
autotempering. In this section, results of room temperature 
tensile testing of samples tempered at 150 °C for 0.5 hour 
and 24 hours are presented.
Figure 3.25 illustrates engineering stress-strain curves 
of an as-quenched sample and samples tempered at 150 °C for 
0.5 hour and 24 hours. Tensile testing was conducted at room
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Figure 3.25 Engineering stress-strain curves of as-quenched and 
tempered Fe-0.14 % C martensitic steels tested at 
room temperature and strain rate of 8.3X10 ”4 sec-1 . 
Tempering times are 0.5 and 24 hours.
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of specimens in the as-quenched and quenched and tempered 
conditions show some differences. The tempered specimens 
yield at a higher stress, but show less work hardening as 
compared to as-quenched specimens.
Figures 3.26 (a) and (b) show the effect of tempering
time on the ultimate tensile strength, yield strength and 
strain hardening. The tempering effect is significant after 
0.5 hour tempering and the difference in the effect of 
tempering time is small between 0.5 hour and 24 hours.
Figure 3.27 shows the effect of tempering on total and 
uniform elongations. Although the effect is slight, total 
elongation is increased and uniform elongation is decreased 
by tempering. ■ The latter decrease is consistent with the 
decrease in strain hardening caused by tempering.
It has been shown that lower yield stress or elastic 
limit in as-quenched martensites compared with tempered 
martensite can be attributed to residual quenching and 
transformation stresses [172], presence of retained austenite 
[174,175,176] and high mobility of dislocations [173].
Swarr and Krauss [11] showed, using Fe-0.2 wt. % steel, 
that higher yield strength of the martensite tempered at 400 
°C for 1 minute is due to dislocation locking by fine carbide 
particles and that the presence of carbides influences the 
subsequent development of substructure, resulting in lower 
strain hardening compared with as-quenched martensite.
Although the same tendency as the results of Swarr and 




























Figure 3.26 (a) Ultimate tensile strength, 0.6 % and 0.2 % off­
set yield strengths of an Fe-0.14 % C martensitic 
steel as-quenched or tempered at 150 °C for 0.5 and 
24 hours. (b) Effect of tempering time on strain 
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Figure 3.27 Total and uniform elongations of an Fe-0.14 % C 
martensitic steel as-quenched or tempered at 150 
°C for 0.5 and 24 hours. Tested at room tempera­
ture .
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the present study may be different from theirs because 




Light micrographs presented in Figure 3.28 show the as- 
quenched microstructures etched to bring out the (a) packet 
and lath structure, and (b) the prior austenite grain 
boundaries. The micrographs reveal the different variants 
within a packet and some of the larger laths. However, much 
of the fine structure is unresolved by the light microscope. 
The average sizes of prior austenite grains and martensite
packets are estimated to be 11 }lm and 10 .̂m, respectively.
3.5.2 Electron Metallography
Mechanical properties and deformation behavior are often 
direct functions of variations in substructure. 
Substructural features include constitutive phases, 
precipitates and dislocations. This section reports the 
results of a transmission electron microscopy (TEM) study to 
characterize the fine structure of undeformed and deformed 






Figure 3.28 Structure of lath martensite - (a) etched in 2% 
nital to reveal packet structure, (b) etched in 
a solution of 80ml H 2 O, 28 ml oxalic acid (10%), 
and 4 ml H 2 O 2 to reveal prior austenite grain 
boundaries.
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Figure 3.29 (a) presents a TEM micrograph of a group of 
parallel laths typical of the as-quenched structure. Laths 
of a range of widths are now clearly resolved as is 
considerable fine structure. The shape change imposed by the 
transformation shear results in an extremely high dislocation 
density. For the most part, the dislocations are arranged in 
a uniformly distributed tangle, often so dense that the image 
of the structure is blurred. Many bend contours are often 
present in the as-quenched structures and also help to make 
the dislocation structure difficult to resolve. However, 
incipient dislocation cell structures are observed in certain 
areas of the as-quenched structure. The area marked A in 
Figure 3.29 (a) shows an example of an incipient cell
structure.
Disk-shaped carbides, averaging about 0.05 Jim in
diameter by 0.01 |lm in thickness, are precipitated throughout
the matrix of many of the laths but is not observed in the 
finer laths. An example of disk-shaped carbides are shown in 
Figure 3.2 9 (b) which is a magnified image of the region B in 
Figure 3.29 (a). These carbides are similar in appearance to 
the-Widmanstatten cementite previously reported [41, 177, 178] 
in as-quenched as well as tempered lath martensites. The 
precipitates appear to a have habit plane of {110}M, the same 
as that for cementite which nucleates on dislocations in 
untwinned martensite [38]. The selected area diffraction 




Figure 3.29 As-quenched martenitic structures. (a) A typical 
structure of parallel laths and (b) disk-shaped 
carbides in the region B. TEM micrographs.
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identifies the precipitates as cementite. These carbides are 
typical of autotempering in low-carbon martensites with high 
Ms temperatures [25]. In addition, very fine carbides are 
also distributed throughout the matrix and appear to 
homogeneously nucleate without a preferred site for 
nucleation.
The other striking feature of the as-quenched structure 
is the presence of interlath films of retained austenite. 
Figures 3.30 (a) and (b) are bright and dark field
micrographs showing interlath films of retained austenite.
It has been reported [178] that interlath retained 
austenite films can be observed in plain carbon steels (AISI 
1010) with 0.1 wt. % carbon. The presence of carbon is
proposed to be necessary for retention of austenite at room 
temperature based on the fact that no retained austenite 
could be detected in Fe-Ni binary alloys with the similar Ms 
temperatures to those of structural steels [178]. Thus the 
presence of the high-temperature austenite phase in the lath 
martensite can be a result of stabilizing effect due to 
carbon atoms [180,181].
Figure 3.31 shows a substructure of deformed martensite 
at room temperature. As reported by Swarr and Krauss [11], 
deformed lath martensite is characterized by much more well 
defined cell structure, although uniform distribution of 
dislocations are still observed in some areas. The average 




Figure 3.30 (a) Bright and (b) dark field TEM micrographs
showing interlath films of retained austenite 
in as-quenched Fe-0.14 % C martensite.
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Figure 3.31 Cellular dislocation structure in as-quenched spec­
imen deformed at room temperature. TEM micrograph.
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of dislocation cell formation is not well understood, 
however, Kuhlmann-Wilsdorf, et al. [182] proposed that 
dislocation reactions solely were not sufficient to form 
tangles, and consequently, well-defined cells. They 
considered the condensation of vacancies on dislocations 
which resulted in the formation of super-jogs, which acted as 
effective anchoring points. Under an applied stress, some of 
these super-jogs were dragged along to cause the dislocations 
to bow out and spread to other planes. These bowed out 
sections then acted as dislocation sources and a mushrooming 
tangle of dislocations developed into a well-defined cell 
structure. As discussed by Swarr and Krauss [11], in the 
case of low-carbon lath martensite, carbon atoms segregated 
to dislocations and very fine carbides precipitated during 
quenching may provide anchoring points for the dislocation 
tangles.
3. 5. 2.2 Quenched and Tempered Structure
Figure 3.32 illustrates many of the important features 
of the tempered microstructure. Most striking is the 
precipitation of fine platelets of carbide throughout the 
matrix of coarser laths. No precipitation, however, was 
observed in the finer laths.
Figure 3.33 shows the magnified image of the region A 
indicated in Figure 3.32. Figures 3.33 (a) and (b) are
bright and dark field micrographs showing the morphology of 
precipitated carbides. Figure 3.33 (c) is the corresponding
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Figure 3.32 Quenched and tempered microstructure in an Fe- 
0.14 % C martensitic steel tempered at 150 °C 




Figure 3.33 TEM micrographs showing morphology of precipi­
tated carbide in tempered Fe-0.14 % C martensit- 
ic steel. (a) Bright, (b) dark field micro­
graphs and (c) SA diffraction pattern.
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( 2 1 0 ) t | —  DF
(110)^11 (010) M 
[001] T, II [100] M
Figure 3.33 Continued. A reflection used for (b) dark field 
micrograph is indicated by D F .
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indexed SAD pattern with a reflection used for dark field 
image indicated by DF. The carbides appear to be in the form 
of fine platelets, however, Figure 3.33 (b) , a dark field
micrograph taken with illumination from a carbide diffraction 
spot, shows that the precipitates are actually present as 
rows of fine spherical particles about 2 nm in diameter, in 
agreement with the previous observations [39,43]. Cementite 
precipitates with habit plane of {110}M, probably due to 
autotempering, are also observed, superimposed on the same 
figure. In the finer laths, precipitation at the lath 
boundaries is favored. Interlath retained austenite films 
are still observed in many other regions as shown in Figure 
3.34, indicating that the retained austenite phase is stable 
at 150 °C.
The SAD pattern of the carbides shown in Figure 3.33 (c) 
is consistent with those of the orthorhombic Tj-carbide
identified by Hirotsu and Nagakura [39,40] in both medium and 
high carbon martensite tempered below 200 °C. As shown by 
Williamson et al. [43], the errors associated with indexing
this pattern as hexagonal e-carbide are within the range of
accuracy obtained by electron diffraction. However, based on 
the morphology and diffraction evidence, it is reasonable to
conclude that the carbide is Tj-carbide as demonstrated in
previous investigations [19,36,43].
The diffraction pattern of Figure 3.33 (c) also shows
the Hirotsu-Nagakura type orientation relationship between
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Figure 3.34 Interlath retained austenite films in tempered 
Fe-0.14 % C martensitic steel. Dark field 
micrograph.
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the T|-carbide and the martensite as follows:
(110)^11 (010) M 
[0013^ il [ 100]M .
The dark contrast and the plate-like morphology 
associated with the carbide in Figure 3.33 (a) is clearly due 
to the effect of strain field between the lath matrix and the 
rows of carbides.
3. 5. 2. 3 Deformation Structures
As shown in Figure 3.17 strain rate has great effects on 
tensile strength, yield strength and strain hardening 
behavior of low-carbon martensite at temperatures from room 
temperature to 150 °C. In this section, results of 
characterization of substructures of lath martensite deformed 
at 150 °C are presented.
(1) 150 °C/8.3 x 10"4 sec"1
At this strain rate, serrated yielding and smaller
strain hardening than that at 8.3 x 10"6 sec"1 are observed as
shown in Figure 3.17 (c) . In addition, as shown in Figure
3.24, normal (positive) strain rate dependence of critical 
strain for the onset of serrated yielding is observed at this 
strain rate range. Duration of the tensile test was about 3 
minutes.
Figures 3.35 (a) and (b) are bright and dark field




Figure 3.35 TEM micrographs of an Fe-0.14 % C martensitic steel 
deformed at 150 °C and 8.3 X10'4 sec’1 . (a) Bright
field-uniform dislocation structure accompanied by 
linear arrays of dislocations and (b) dark field-
uniformly precipitated T|-carbides.
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Irregular dislocation networks and an uniform dislocation 
structure rather than a well-developed cell structure 
accompanied by linear arrays of dislocations are observed.
The linear dislocations appear to to lie parallel to (ill)
directions. A number of dislocation loops and dislocation 
tangles are observed throughout the matrix. There is no 
indication of formation of concentric loops of dislocations
around particles. Fine Tj-carbides are precipitated
throughout the matrix as shown in Figure 3.35 (b) . Figure
3.36 is a magnified image of Figure 3.35 (a), showing fine
precipitates form on dislocation tangles. Figure 3.37 is 
another example of deformed substructure where well-developed 
linear arrays of dislocations and precipitates on 
dislocations are observed. Unusual fringe contrast in the 
vicinity of carbides are also observed. It is noted that the 
disk-shaped cementite due to autotempering or plate-like
arrangement of fine Tj-carbide, which are clearly observed in
quenched and tempered specimens, are not observed in the 
specimens deformed at 150 °C.
(2) 150 °C/8.3 x 10’6 sec’1
At this strain rate, serrated yielding is no longer 
observed and much larger strain hardening than that at 8.3 x
10’4 sec’1 is observed as shown in Figure 3.17 (c) . In
addition, as shown in Figure 3.24, anomalous (negative)
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Figure 3.36 Substructure deformed at 150 °C and 8.3xl0~4 sec \ 
showing dislocation tangles associated with fine 
carbides. TEM micrograph.
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Figure 3.37 Substructure deformed at 150 °C and 8.3 X10'4 sec’1, 
showing linear arrays of dislocations and precipi­
tates on dislocations. TEM micrograph.
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strain rate dependence of critical strain for the onset of 
serrated yielding is observed at this strain rate range.
Figures 3.38 (a) and (b) show typical dislocation
arrangements of the martensite deformed at 150 °C and strain
rate of 8.3 x 10-6 sec-1. The duration of the tensile test
was about 480 minutes. In contrast to the deformed
substructure obtained at strain rate of 8.3 x 10-4 sec-1,
deformation structures at 8.3 x 10-6 sec-1 are characterized
by a very fine well-developed dislocation cell structure. 
Dislocation tangling is more marked and the density of 
dislocation appears to be considerably higher than those at 
any other condition.
Figures 3.39 illustrate (a) bright field micrograph of a 
deformation substructure, (b) weak beam dark field micrograph 
taken with illumination from a weak (011)M diffraction spot,
(c) dark field micrograph with illumination from a T|—carbide
diffraction spot. Very fine feature of the substructure is 
clearly shown in Figure 3.39 (b). Uniformly distributed fine
T|-carbides are also observed in Figure 3.39 (c) . Again,
carbides such as disk-shaped cementite or plate-like
arrangements of fine 11-carbide, which are clearly observed in





Figure 3.38 Substructures deformed at 150 °C and 8.3 X 1 0 ’6 sec \ 





Figure 3.39 TEM micrographs of substructures deformed at 150 
°C and 8 . 3 X 10 ”6 sec-1. (a) Bright field, (b) dark
field taken with a weak {011}M diffraction spot 







In the previous chapter, characterization of mechanical 
properties, deformation behavior and deformation kinetics 
were presented as functions of strain rate and temperature. 
Also presented were microstructural variations resulting from 
tensile deformation under various combinations of strain rate 
and temperature.
In this chapter, kinetics of solid solution 
strengthening and microscopic plastic deformation mechanism 
are employed to explain variations of mechanical properties, 
deformation behavior and resultant substructural features. A 
deformation mechanism will be proposed to explain various 
features observed in this study.on deformation behavior of a 
low-carbon martensite.
4.1 Mechanical Properties, deformation behavior and 
Dynamic Strain Aging Effect
In this section, changes in flow stress such as yield 
strength and ultimate tensile strength or strain hardening 
behavior with changes in strain rate and temperature are 
discussed by use of a theory of kinetics of solute 
strengthening and dynamic strain aging effect.
As shown in Figure 3.17 (d) , at 150 °C, as strain rate
is decreased, UTS and 0.6 % YS increase during serrated
yielding region and then decrease near the lower strain rate 
end. UTS, however, increases again while 0.6 % YS remains at
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about the same value as that at a higher strain rate of 1.7 x
10-2 sec-1. Strain hardening begins to increase during 
serrated yielding region and significantly increases at 
temperatures where the serrated yielding is no longer 
observed. When the serrated yielding occurs, the peak stress 
is equivalent to the UTS and may be considered to be a "break 
away stress" or the stress necessary to remove or unlock a 
dislocation from the solute environment developed after aging 
[183] . Rapid dislocation multiplication may also lead to 
serrated yielding as discussed by Hahn relative to Liiders 
band formation in ferritic low-carbon steels [153]. The 
author assumes both unlocking and activation of dislocation 
sources are similar mechanism which leads to localized 
dislocation multiplication and plastic deformation.
4.1.1 A Model of Strain Aging Effect
As summarized by Kocks [184], the most common assumption 
is that the flow stress of a solid solution is a linear
superposition of a "friction stress", Of, due to interaction
of solutes with mobile dislocations and "dislocation flow
stress", ad, due to dislocation-dislocation interactions
which is the cause of strain hardening:
G = O f + Gd (4.1)
The second term, od, is generally of the form [185]
T-3958 152
ad = Majlb/p" (4.2)
where M is the Taylor factor, Ji is the shear modulus, b is 
the magnitude of Burgers vector, p is the dislocation 
density, and a is a proportionality factor slightly less than
1 which also reflects the temperature and strain-rate 
dependence of dislocation cutting. While other superposition 
laws have been proposed [184], this simplest law has usually 
been used to analyze the static and dynamic strain aging 
effects [91,133,144,150,183-186].
As shown by van den Beukel and Kocks [151], both af and
ad can be modified by solute segregation to dislocations.
Especially in interstitial BCC alloys, the friction component 
should predominate due to strong interaction between solute 
atoms and dislocations. However, there still remain some 
arguments about relative importance of the roles that af and
Cd play in strain aging [133,183-186].
Based on the assumption that the friction stress 
component is predominant in the dynamic strain aging process,
the influence of strain aging on af will be calculated.
According to Kocks et al. [187], the friction stress due
to solute atoms with obstacle strength f is expressed as
T-3958 153
Gf = = f|1&- (4.3)bL L
where L is the average spacing of solutes along the 
dislocation and Kf is the effective interaction strength. f 
is the normalized value of Kf by dislocation line tension.
The spacing L will be decreased from an initial value LQ 
due to the arrival of n additional solute atoms to
In terms of concentration C of solutes along the dislocation 
line, n may be replaced by
AC = n-k- (4.5)
L0
so that
Of = fji|̂ - + AC| s a f0 + Aaf (4.6)
where the first term af0 is the friction stress in the absence 
of aging, corresponding to
CTf0 = fH-fc- = f2/3| l ^  (4.7)LO
where cQ is the bulk concentration of solute. This
expression is the same as that presented by Friedel [188] .
When during aging the local solute concentration at the
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dislocation increases by AC, the friction stress changes 
[183] by
AcJf = f (1 AC (4.8)
4.1.2 Relation between As and At - Cottrell Bilby's law
The increase in AC along a stationary dislocation due to 
aging for a short time ta is [188]
AC ~ c0 (D ta)2/3 (4.9)
where D is the diffusion coefficient of the solute, which can 
be expressed as D = D0exp(-Q/kT) ; Q is the activation energy 
for solute diffusion. The expression of equation (4.9) is 
also called Cottrell and Bilby's law [155]. Combining
equation (4.9) with equation (4.8), Aaf is expressed as
Aaf ~ f|ic0 (Dta)2/3 (4.10)
Note that the obstacle strength f is assumed to be constant.
Dynamic strain aging is assumed [54,65,70,91,143,144] to 
be a result of aging of mobile dislocation segment during 
their waiting time tw at arresting obstacles. Stress drop As 
during serrated yielding has usually been analyzed by its 
magnitude dependence on At, the time interval between a 
serration and the preceding one [70,73,75,93,101, 
108,115,116,151,154]. A good agreement between the Cottrell 
Bilby's law and experimental data has been reported
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especially for short aging times and low temperatures 
[70, 93, 101, 151] .
Figure 4.1 shows the relationship between stress drop As 
and time interval At measured at plastic strain of 3 % at 150 
°C for various strain rates. This figure is replotted from 
Figures 3.4 and 3.11. As increases with increasing At. In 
Figure 4.2, the result of Figure 4.1 is replotted in log-log 
form to determine if Cottrell Bilby's law is satisfied. The 
slope is 0.25, much lower than 2/3, indicating that the 
Cottrell Bilby's law is not followed in this treatment.
4.1.3 Interpretation of Magnitude of Stress Drop As
The analysis presented in the previous section is based 
on the assumption that the stress drop As is a reflection of 
the difference in friction stress between fully aged 
dislocations and those free from segregated solutes while 
other factors influencing As are neglected or assumed to be 
constant. As proposed by Schwarz and Funk [106], the stress 
drop As is determined by
As = f (Ax,0,d) (4.11)
where Ax is the friction stress difference between aged and
unaged dislocations, 0 work hardening parameter and d the
width of deformation band.
Figure 4.3 illustrates the maximum and minimum stresses 
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Figure 4.2 A log-log plot of the data shown in Figure 4.1. The 
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Figure 4.3 Relationship between the maximum and minimum stress­
es of a serration and At at 150 °C measured at about 
3 % plastic strain.
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condition as that shown in Figure 4.2. As At is increased, 
the maximum stresses are increased while the minimum stresses 
are significantly decreased. Thus the increase in As with At 
shown in Figure 4.2 is mainly a result of large decrease in 
the minimum stress of the serration. This fact is
incompatible with the idea that As is the difference in 
friction stresses between aged and unaged dislocations 
because according to this idea, the minimum stress should 
remain constant or increase due to increase in overall 
(static) strain aging' effect. Thus the assumption described 
above can not be applied to the strain aging analysis in this 
study.
Now it is proposed that two other factors may have 
influenced the magnitude of stress drop As in this 
experiment. One factor is the uniform plastic strain imposed 
on the specimen and the other is the deformation band width 
d.
When the serrated yielding occurs, the strain imposed on 
the specimen by the tensile testing machine is accommodated 
by both uniform plastic strain throughout the specimen and 
localized plastic strain in the deformation band. If the 
initiation of serrated yielding is delayed, all the applied 
strain by the tensile testing machine must be accommodated by 
uniform elastic and plastic strain in the specimen.
According to Figure 3.24, at 150 °C and strain rate of 1.7 x 
10”4 sec-1 corresponding to the time interval of 48 sec in
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Figure 4.3, the critical strain for the initiation of 
serrated yielding is much increased to about 3.3 %, which
means that the specimen was subjected to uniform plastic 
strain of 3.3 %. This uniform plastic strain give rise to 
both decrease in work hardening ability of the specimen and 
increase in the initial band width which will be discussed 
later, resulting in large stress drop As, because the 
localized work hardening plays a role to decelerate and stop 
the motion of deformation band [65,106,140]. This proposal 
can explain well the deformation behavior as shown in Figure
3.3 (b) and Figure 3.7 (b) . At higher strain rate such as
8.3 x 10”3 sec-1 and 150 °C, critical strain is increased and
the magnitude of each localized plastic deformation is small, 
resulting in larger imposed uniform plastic strain on the 
specimen. This leads to a decrease in work hardening ability 
and early initiation of necking.
The other factor which influences the stress drop is the 
deformation band width d. Based on direct observation of 
deformation bands, Chihab et al. [107] suggested that 
formation of type C deformation band may be characterized by 
an initiation of an embryo at a lateral specimen surface with 
subsequent transverse growth into the bulk, having its final 
width from the outset. Although the formation and 
propagation mechanisms of macroscopic localized plastic flow, 
including Luders band , have been extensively studied 
[e.g.185], the mechanism of avalanche-like dislocation glide
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into macroscopic shear band, across the grain boundaries is 
not well understood [77]. Fujita and Tabata [96] showed the 
formation of coarse slip band is closely related to the 
magnitude of serration. In addition, to explain that in 
general the magnitude of serration becomes large as the total 
strain increases, Fujita et al. [190] introduced the concepts
of "trigger grain" and "affected zone by the long-range 
interaction among individual grains. The proposed mechanism 
[96] is as follows: As shown in Figure 4.4, the local
deformation is advanced in grains with the maximum Schmidt 
factor and expands into the grains surrounding the trigger 
grain. At the beginning of the deformation, density of 
obstacles such as dislocation tangles is small in each 
individual grain. Thus the stress accumulated at the grain 
boundaries of trigger grain can be easily released with a few 
surrounding grains. Therefore, the width of each deformed 
region is narrow and corresponding magnitude of serration is 
small. At later stage of deformation, well-developed cell 
structures are formed in every grain. Thus each grain is 
homogeneously work-hardened and the number of surrounding 
grains contributing to the stress drop further increases. 
Therefore the width of deformed region produced by avalanche 
type deformation whose total strain corresponding to each 
serrated yielding increases with increasing stress level as 
shown in Figure 4.4.
The model proposed by Fujita et al. can be adopted to 









Figure 4.4 Schematic representations of the mode of serrated 
yieldings at every part of stress-strain curves. 
(After Fujita et al. [190].)
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the fact that with increasing strain, the minimum stress of 
each serration is decreased to result in increase in 
magnitude of As as shown in Figure 3.5 and that the each 
serration occurred in a very short time accompanied by 
acoustic emission and apparent linear relationship between 
localized plastic strain associated with each serration Aep 
and magnitude of stress drop As as shown in Figure 3.10, the 
magnitude of As appears to be mainly determined by Aep, or 
initial width of the deformation band. Subsequent growth of 
deformation band may be limited by elastic stress relaxation 
of the tensile testing system and work hardening in the 
specimen. However, detailed mechanism of these localized 
plastic deformation is still not known and further study is 
required.
4.1.4 Influence of Dynamic Strain Aging on Friction 
Stress
As discussed above, the stress drop As can not be used 
as a measure of magnitude of aging effect to analyze the 
effect of dynamic strain aging on the friction stress. 
Therefore, another approach is needed.
Recently, Louat [191] proposed an extension of the 
Cottrell and Bilby's law for longer aging times, which takes 
saturation effects into account as
AC ■ ACajl-exp):0^ ^ - 2 -3)} (4.12)
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where ACS is the saturation value of AC [140] .
Combining equation (4.12) with equation (4.8), the ratio 
A<rf/Aafmax can be expressed as
Adf/Aafmax = 1 -exp{-k(Dta )2/3l (4.13)
where A0fmax is the maximum attainable friction stress 
increment.
To evaluate Aaf, the standard value of CJf0, friction
stress in the unaged condition at 150 °C, must be known. of0
is estimated as follows: The flow stress of as-quenched
martensite measured at room temperature is assumed to be the 
flow stress almost free from the solute segregation. This 
room temperature flow stress was then converted to flow 
stress at 150 °C by using temperature coefficient of the
shear modulus, (1/fl) (dJl/dT) * -0.05%/°C obtained for an Fe-
25Ni-0.26C martensite [191]. (Jf0 at 3 % plastic strain is 
evaluated to be 1353 MPa. Then, increase in friction stress 
Aaf due to aging is expressed as
Aaf (MPa) = aat3% - 1353 (4.14)
where Gat 3% is the peak stress of a serration at about 3 % 
plastic strain measured at 150 °C for various strain rates.
The maximum attainable friction stress increment, Aafmax, 
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Figure 4.5 Relationship between AGf and At at 150 °C measured 
at 3 % plastic strain for various strain rates.
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between Aof and time interval at 150 °C. Discontinuous large
increase in Acf is observed at longer At, which is associated 
with large increase in the strain hardening as shown in 
Figure 3.18. Thus Atff at longer time intervals of 19 sec and
48 sec were neglected in the following analysis. A a fmax is
estimated to be about 95 MPa by extrapolating the curve to 
longer time as shown in Figure 4.5.
Figure 4.6 shows the relation between At2^3 and ln(l- 
Aaf/Aafmax) . According to equation (4.13), linear dependence
of ln(l-Aaf/Acfmax) on At 2^3 is predicted, however, only the
short time region exhibited the linearity. Based on the 
model, the deviation from the linearity can be interpreted as 
that solute segregation to dislocation is retarded by some 
mechanism so that the modified Cottrell Bilby's law can not 
be obeyed.
It is proposed that supply of solute atoms to 
dislocations may be reduced by actual carbide precipitation. 
Support for the idea of deformation-induced precipitation may 
come from the strain hardening behavior shown in Figure 3.18. 
As the strain rate decreases, the magnitude of strain 
hardening increases. The increase in strain hardening 
started in the serrated yielding region, corresponding to the 
start of deviation from the linearity. An enhanced strain 
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Figure 4.6 Relationship between In (1-ACFf/AOfmax ) and At 2/3 at 
150 °C measured at 3 % plastic strain for various 
strain rates.
T-3958 168
precipitation-controlled deformation; it may also well be a 
sign of dynamic strain aging effect. However, it is noted 
that the strain hardening significantly increased at lower 
strain' rates where serrated yielding no longer occurred. In 
addition, as shown in Figure 3.24, anomalous delay to the 
onset of serrated yielding initiated in the same strain rate 
range. Similar ideas have been proposed by Owen et al. [57] 
and Hayes et al.[75] to explain the mechanism of delay and 
disappearance of serrated yielding. They proposed that 
serrated yielding disappears or is delayed when growing 
carbides are more stable than the atmosphere surrounding a 
moving dislocation. Studying tensile properties of tempered 
Fe-Cr-C steels at temperature range 0°C to 700 °C, Mukherjee 
and Sellers [66] proposed the concept of strain-enhanced 
precipitation of carbides, based on the fact that fine M 3C 
carbides were observed in the gage length of specimens 
deformed at temperatures between 200 °C and 600 °C while they 
were not observed in the ends of specimens which contained a 
high dislocation density. They also noted that small 
precipitates are observed in the presence of the larger 
tempered carbides because the small carbides would be 
unstable and should coarsen out rapidly. The proposed 
mechanism is due to sweeping of solute atoms from the larger 
particles by moving dislocations and the creation of local 
regions of high supersaturation when dislocations were 
annihilated, causing continued nucleation of carbides.
T-3958 169
4.2 Microstructure
4.2.1 As-quenched, and Tempered Structures
The interlath fine structure of as-quenched low-carbon 
martensite has been documented a number of times in the 
literatures [11,26,41], and therefore is not discussed 
further. In brief, the unique features in the as-quenched 
structure observed in this study are the evidence of 
autotempering such as presence of cementite, and the presence 
of interlath retained austenite films.
Fine Tj-carbide precipitates are observed in coarse laths
and along lath boundaries in the specimens tempered at 150 °C 
for 480 minutes. Speich and Leslie [26,41] reported that in 
low-alloy steel containing less than 0.2 % carbon, the
precipitation of transition (£) carbide is much retarded
during tempering at 100 °C and 200 °C. According to their 
data, transition carbide precipitation occurs after 1000 
minutes (16 hours) while there existed transition region 
from carbide segregation to dislocation to carbide 
precipitation, which started at tempering time of 1 minute. 
They reported that no carbide precipitation was detected by 
TEM in the transition region.
In contrast to the report by Speich et a l ., an 
appreciable amount of T|-carbide could be observed in this
study. Speich [26] used binary Fe-C alloys austenitized at 
1000 °C for 30 minutes and then quenched in the form of sheet 
with 0.25 mm thickness so that no carbide precipitation
T-3958 170
occurred during quenching. Differences in experimental 
procedure between this investigation and that of Speich are 
the chemical composition (Fe-0.14%C-1.48%Mn-0.27%Si),
austenitization condition (900 °C x 15 minutes) and quenching
rate (1.5 mm thickness). The alloy content of the steel used 
in the current investigation increased hardenability so that 
martensite formed at slower cooling rates in thicker sheet 
specimens. The slower cooling rates in turn caused cementite 
formation on cooling.
It is conclusive that transition carbides precipitate 
faster in this study than in the investigation of Speich, 
however, any explanation appears to be speculative.
4.2.2 Deformation Structures
4.2.2.1 150 °C/8.3 x 10'4 sec-1
The most striking substructural features observed in the 
martensite deformed at 150 °C and strain rate of 8.3 x 10-4
sec'1, where serrated yielding occurs are (1) uniform
dislocation structures accompanied by linear arrays of 
dislocations, (2) less well-developed cell structures with 
irregularly shaped tangles rather than distinct cell walls,
and (3) presence of uniformly distributed fine T|-carbides.
Some investigations [61,194] presented the deformation 
substructures of BCC metals which exhibited serrated 
yielding. Brindley and Barnby [61] characterized the
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deformation substructure of a ferritic mild steel deformed at 
230 °C as well-developed cell structure accompanied by long 
straight dislocations. Edington and Smallman [194] 
characterized the deformation substructure of vanadium 
deformed at 300 °C to 350 °C as the more uniform dislocation 
distribution and absence of cell structure.
It is shown [185,195,196] that local solute mobility can 
affect the rate of dynamic recovery or dislocation 
annihilation and increase dislocation multiplication rate due 
to deficiency of mobile dislocation, giving rise not to a 
cell structure but to a very fine uniform dispersion of 
dislocations, a dislocation configuration of higher energy.
In accordance with the characteristics described above, 
the substructure obtained in this study exhibited a uniform 
dislocation structure rather than well-developed cell 
structure, accompanied by linear arrays of dislocations, 
which is very similar to that presented by Brindley and 
Barnby [61]. Edington and Smallman [194] attributed the 
uniform dislocation distribution and lack of well defined 
cell structure observed in vanadium to the fine dispersion of 
precipitate found in the annealed condition. Hornbogen [197] 
has suggested that inhibition of cell formation and the 
presence of straight dislocations, which appeared to be screw 
dislocations, could be ascribed to the lower mobility of 
screw dislocations. If the screw dislocations have jogs on 
them, which have edge components, solute atoms strongly 
interact with the parts of jogs on screw dislocation,
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resulting in larger dragging force of the dislocation line. 
In addition, these effect of solute atoms may suppress the 
cross slip probability of screw dislocations because mean 
free length of screw dislocations which can cross slip 
becomes short.
Tabata et al. [94] have shown that the serrated yielding 
is associated with sudden burst of collective cross-slip and 
multiplication of screw dislocation temporarily arrested at 
dislocation tangles by direct observation of deformation 
behavior in an Al-Mg single crystal with high voltage 
electron microscopy. Solute atom segregation to dislocations 
limits the cross slip of screw dislocations and enable them 
to pile up against obstacles. As the applied stress is 
increased, the piled-up screw dislocations cross slip 
collectively because the mean free length is very similar in 
every parts of piled-up screw dislocations. There appears to 
exist enhanced tendency of abrupt collective cross-slip of 
screw dislocation during serrated yielding. The linear array 
of dislocations may be a characteristic of substructures 
which exhibit localized plastic flow, however, more detailed 
investigation on micro-mechanism of deformation for localized 
plastic flow is required.
Baird and MacKenzie [198] suggested that the great 
irregularity of the networks formed in the Fe-N and Fe-Mn-N 
alloys in the blue brittleness range might be due to 
decreased rate of recovery if locked dislocations are unable 
to undergo cross-slip and climb processes. They explained
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that dynamic recovery rate was decreased because strong 
interaction between manganese and nitrogen effectively 
stabilized the high-energy configuration of dislocations or 
manganese-nitrogen pairs inhibited dislocation climb by 
acting as very efficient traps for vacancies. They also 
pointed out an alternative possibility that nitrogen 
segregated to dislocation in iron might decrease the stacking 
fault energy of dislocations and therefore slowed down cross­
slip and climb.
Some small dislocation loops might be a result of 
thermally induced climb eliminating plus-minus dislocation 
pairs formed during martensite transformation [8], the motion 
of heavily jogged dislocations [197], or intersection of 
screw dislocations [199].
It is noted that the dislocation density of the specimen
deformed at 150 °C/8.3 x 10”4 sec-1 is not much greater than
that of specimen deformed at room temperature. Thus the
assumption that ad due to dislocation-dislocation
interactions is constant and only friction stress is altered 
by solute segregation adopted in the analysis in the section
4.1.4 may be reasonable at least for higher strain rate range 
in the serrated yielding region.
4.2.2.2 150 °C/8.3 x 10"6 sec"1
The most noticeable substructural features observed in 
the martensite deformed at 150 °C and strain rate of 8.3
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X 10“  ̂ sec where smooth stress-strain curve and large
increase in both UTS and da/de are observed, are (1) very fine 
well-developed cell structures, (2) high density of 
dislocation, (3) a large number of fine T|-carbides
precipitated throughout the matrix.
It is proposed that the fine well-developed cellular 
substructure as shown in Figure 3.38 is due to the fine 
carbide precipitates formed during deformation by strain- 
induced precipitation. As shown by Hornbogen [197] and Swarr 
and Krauss [11], very fine precipitate particles may be 
effective in stopping dislocation in their slip planes and 
act as pinning, point for the dense tangle of dislocations, 
increasing the probability of dislocation interactions and 
statistically storing of dislocations. According to 
Kuhlmann-Wilsdorf [182], effective anchoring points are 
necessary for the formation of dislocation tangles, and 
subsequently, well-developed cells. The strain-induced 
precipitates might provide anchoring points for the 
dislocation tangles and a "mushrooming" tangle of 
dislocations developed into a well-defined cell structure.
As shown in Figures 3.18 and 3.22, extremely high strain 
hardening and consistently high strain hardening rate can be 
well explained by this proposed mechanism.
4.3 Summary Discussion- Proposed Deformation Mechanism
In this section, the deformation mechanisms proposed for
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a low-carbon martensite in this study are summarized.
It is well-established [144,186] that the strain rate 
sensitivity (m-value) decreases significantly due to 
interaction between dislocations and solute atoms when the 
solute atoms are mobile (dynamic strain aging effect). When 
the strain rate sensitivity becomes negative, uniform plastic 
flow in the specimen becomes unstable and therefore serrated 
yielding occurs [148,156] (the Portevin Le-Chatelier Effect). 
These effects are observed in an Fe-0.14 % C martensitic
steel in this study.
Measurement of the activation energy for the deformation 
processes confirmed that carbon diffusion is involved in 
dynamic strain aging of low-carbon martensite. The 
activation energy of anomalous delay to the onset of serrated 
yielding also corresponded to that of carbon diffusion in 
martensite.
Cohen et al. [24,33] proposed that carbon atoms in a 
martensite are subjected to competing processes, segregation 
to dislocation or precipitation,which are functions of 
temperature, dislocation density, and strain. It was 
postulated [24] that for carbon atoms, dislocation strain- 
fields are more preferred segregation sites. Arguments which 
support this hypothesis include rearrangement of dislocations 
due to transformation so that the net strain energy could be
decreased, based on the fact that e-carbide precipitation is 
much retarded in ausformed steels. It is also shown [24,33]
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that the re-solution of e-carbon during tempering after
straining can take place and some indications [29,200] of 
dissolution of carbide have been presented. Thus, it is 
postulated that a sufficient supply of carbon atoms to mobile 
dislocations during deformation is possible for dynamic 
strain aging and strain-induced precipitation to occur. The 
fact that the evidence of carbides which have formed during 
quenching could not be observed in the deformed structure may 
be an indication of dissolution of carbides, which is, 
however, speculative.
The negative temperature and strain rate sensitivity of 
strength observed in this study is due to interaction between 
dislocations and carbon atoms. The friction stress af is
increased by segregation to mobile dislocations in the 
serrated yielding region.
Decrease in 0.6 % yield strength and increase in TS at 
higher temperature with decreasing strain rate, where 
serrated yielding begins to disappear, as shown in Figure 
3.17 (d) at 150 °C is explained as follows:
As strain rate is decreased, the average waiting time 
for dislocations arrested at obstacles to be thermally 
activated is increased. As a result, at the lower strain 
rate range, precipitation of carbide is predominant and 
supply of carbon atoms to mobile dislocation is reduced. 
Precipitated carbides may have larger obstacle spacing than 
solute atoms segregated to dislocation cores, resulting in
T-3958 177
increased average free dislocation length 1 [201,202]. Thus
initial resistance to flow, 0.6 % yield strength, is
decreased as shown in Figure 3.17 (d) . However, subsequent
development of substructure is significantly altered by these
dynamically precipitated carbide. Fine T]-carbide may
precipitate at intersections of dislocations by strain 
enhanced precipitation mechanism [66], which acts as pinning 
point for dislocation tangling, resulting in very fine 
dislocation cell structures. Evidence for these changes have 
been provided by TEM. The average dislocation length in this 
fine cell substructure may be much smaller than that of 
uniform dislocation structures observed in the specimen 
exhibiting serrated yielding, consequently increasing the
rate of dislocation multiplication. Thus, contribution of (Jd
becomes significant and the flow stress is increased 
according to the relation [203]
T = Tq + const = Xq + <XGbV]r (4.15)
Significantly increased strain hardening rate as shown in 
Figures 3.18 and 3.22 would be a result of dynamic 
precipitation.
Anomalous delay to the onset of serrated yielding or 
negative strain rate dependence, as shown in Figure 3.4 can 
also be due to reduced solute segregation to mobile 
dislocation because of carbide precipitation. Segregation of
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carbon atoms to dislocation sufficient to cause dynamic 
strain aging will be reached if the dislocation density and 
some required configuration of dislocation is reached so that 
segregation to dislocation can be superior to carbide 
precipitation, according to the model due to Kalish and Cohen 
[33] .
Large increases in total elongation obtained at 150 °C 
and strain rates of 8.3 x 10“6 sec""1 and 1.7 x 10“5 sec-1 are
attributed to enhanced strain hardening ability due to 





(1) At elevated temperatures, 60 °C to 150 °C, serrated
yielding is observed at certain ranges of strain rate.
(2) Each serration is associated with the formation of a 
localized plastic deformation band.
(3) The amplitude of stress drop measured at a constant
strain increases with decreasing strain rate at a 
constant temperature. The activation energy calculated 
by stress drop methods is 101 kJ/mol.
(4) Serrated yielding occurs after an initial critical
plastic strain £c is exceeded. The activation energy for 
the onset of serrated yielding calculated from strain 
rate and temperature dependence of ec is 77 kJ/mol.
(5) Negative strain rate dependence of £c, anomalous delay to
the onset of serrated yielding, is observed at lower 
strain rates at both 90 °C and 150 °C. The activation 
energy for the delay mechanism is calculated to be 85 
kJ/mol.
(6) Measurement of the activation energy for the deformation 
processes confirmed that carbon diffusion is involved in 
dynamic strain aging of a low-carbon martensite.
2. Mechanical Properties
(1) Negative strain rate dependence of UTS and 0.6 % YS is
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observed at room temperature as well as at elevated 
temperatures, 60 °C to 150 °C.
(2) The magnitude of strain hardening, difference between 
UTS and 0.6 % YS, remains approximately constant, about 
125 MPa at temperatures up to 90 °C.
(3) At 150 °C, very large increases in strain hardening, 
without serrated yielding, are observed at low strain 
rates, which correspond to the lower strain rate end of 
the serrated yielding region.
(4) Based on the assumption that the friction stress is 
mainly affected by solute segregation to dislocations, 
the influence of strain aging on friction stress was 
analyzed.
a) Modified Cottrell and Bilby's law is followed only 
in the short time region.
b) It is proposed that the supply of solute atoms to 
dislocations may be reduced by actual strain-induced 
carbide precipitation in the long time region, 
resulting in the deviation from the model.
(5) Large increases in total elongation obtained at 150 °C 
and low strain rates, where serrated yielding no longer 
occurs, are attributed to enhanced strain hardening 
ability due to dynamically precipitated carbides and 
refinement of dislocation substructure.
3. Microstructure
(1) Interlath retained austenite films are observed in the
T-3958 181
as-quenched low-carbon martensite. Disk-shaped 
cementite precipitates, formed by autotempering, are
observed in coarser laths.
(2) Rows of fine spherical T|-carbide particles about 2 nm in
diameter are observed in specimens quenched and tempered 
at 150 °C.
(3) Substructure deformed at 150 °C/8 x 10~4 sec'1, which
exhibited serrated yielding, consists of uniform 
dislocation distributions characterized by linear arrays 
of dislocations. These dislocation configurations may 
be attributed to the deficiency in mobility and reduced
ability to cross-slip by screw dislocations with
segregated carbon atoms.
(4) Substructure deformed at 150 °C/8 x 10”6 sec'1, which
showed a smooth stress-strain curve and large strain 
hardening, is characterized by very fine well-developed 
cell structure. This dislocation structure is 
attributed to dynamically precipitated carbides which 
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APPENDIX: Estimation of Stiffness (KM) of Tensile Testing
Machine
The stiffness of the testing machine, KM, is expressed 
as AP/AXM, where AP is the load increment and AXM is the 
elastic deflection of the testing machine. To estimate KM, 
the machine deflection AxM was measured as follows:
A rectangular tensile specimen whose dimensions are 12.7 
mm in width and 1.5 mm in thickness was strained by the 
tensile machine elastically up to the load of 1, 360 kg with 
an extension rate of 5.08 mm/minute. A 50.8 mm extensometer 
was attached to the specimen and the tensile test data were 
recorded on both a chart recorder and a personal computer 
data acquisition system. The crosshead displacement,AX, is 
matched by both elastic deformation in the specimen, AxE, and 
elastic extension of the testing machine AXM; Ax = AXE + AXM .
The crosshead displacement was calculated as Ax = 5.08
[mm/min] x At [min] where At is the time from the start of
measurement. The elastic deformation was estimated as AxE =
LqAct/E where LQ the initial gauge length (111 mm), distance of
the marks between upper and lower grip ends measured after 
the testing, and E is the Young's modulus of the specimen, 
160 GPa. The machine deflection was expressed as AXM = Ax - 
AXe. Figure Al (a) is a plot of displacements versus time. 
Figure Al (b) shows the relation between load P and machine 
deflection AXM . The slope of the straight line, dP/dXM = KM 
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Figure Al (a) Displacements versus time and (b) relation
between load AP and machine deflection AXm. The 
slope is 8.2 [MN/m].
